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Abstract
In this work we investigate the synthesis of GaAs nanowires by molecular beam
epitaxy (MBE) and compare the Au- and the self-assisted variants of the vapour-
liquid-solid (VLS) mechanism. We focus on the growth on Si(111) and give additional
results for the growth on GaAs(111)B. We study the morphological and structural
properties of the nanowires after long growth times as well as during the nucleation.
In addition, we examine the suitability of GaAs/(Al,Ga)As core-shell nanowires for
optoelectronic applications using photoluminescence (PL) spectroscopy.
A brief introduction to the fundamental concepts used for the growth of GaAs
nanowires is given. The Au-assisted VLS mechanism is known as a versatile tool for
nanowire growth, while the recent self-assisted variation results in the exchange of
Au by Ga droplets and eliminates the possible incorporation of Au impurities.
We investigate the growth in order to obtain GaAs nanowires with high aspect ra-
tio, which are epitaxially aligned to the substrates. We achieve [111]-oriented nano-
wires with epitaxial alignment, typical diameters between 20 and 100 nm and lengths
exceeding several micrometres by both methods. While a parasitic planar layer grows
between the nanowires by the Au-assisted method, we can avoid layer formation by
the self-assisted method and reduce the parasitic growth of islands to 1/4 of the to-
tal volume. We find that when using the Au-assisted method the nanowires grow
predominantly in the metastable wurtzite (WZ) crystal structure, while their self-
assisted counterparts have the zincblende (ZB) structure and contain twin defects.
All GaAs nanowires are fully relaxed and the strain arising from the lattice mismatch
between GaAs and Si of 4.1% is accommodated by misfit dislocations at the interface.
We find that the nucleation stage on Si(111) strongly depends on the growth method.
The Au-assisted nucleation is dominated by an early stage during which no vertical
nanowires grow. We explain this by an analysis of interface energies that make the
Au droplets stick to the Si substrate surface. So vertical nanowires grow only af-
ter the Si substrate surface is covered by GaAs. This understanding is corroborated
by a comparative study of the Au-assisted nucleation on GaAs(111)B, which does
not show the formation of any GaAs traces. We demonstrate that the self-assisted
method leads to immediate vertical nanowire growth also on Si(111) and we explain
this by the preferred wetting of GaAs by the Ga droplets.
The nanowires exhibit different side facets, which depend on the growth method.
Self-assisted GaAs nanowires are generally found to have non-polar {11¯0} side facets,
while different (112)-type polar facets were described for Au-assisted GaAs nano-
wires with the ZB structure. We employ the current understanding of VLS growth
theory to predict the effect of the droplet material on the stability of the lateral facet.
We predict that {11¯0} facets must result for Ga droplets, while different (112)-type
composed facets can result for Au droplets. This behaviour is understood to be
caused by the larger surface energy of the liquid Au droplets.
Finally, we investigate the suitability of our nanowires for optoelectronic appli-
cations, which in general require a large internal quantum efficiency and thus long
minority carrier lifetimes. We fabricate GaAs/(Al,Ga)As core-shell nanowires and
determine their minority carrier lifetimes at room temperature by transient PL spec-
troscopy. The results are (2.5 ± 0.1) ns for the self-assisted nanowires as well as
(9 ± 1) ps for the Au-assisted nanowires. From this large difference we conclude
that an additional non-radiative recombination channel is present in the Au-assisted
nanowires. By temperature-dependent PL measurements we find a characteristic
activation energy of 77 meV that is present only in the Au-assisted nanowires. We
conclude that most likely Au is incorporated during Au-assisted VLS growth into
the GaAs nanowires and acts as a deep, non-radiative recombination centre.
Keywords: Gallium Arsenide, Nanowires, Silicon Substrates, Molecular Beam Epi-
taxy, Crystal Growth, Nucleation, Facets, Minority Carrier Lifetime
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Zusammenfassung
Thema dieser Arbeit ist die Synthese von GaAs Nanodrähten mittels Molekular-
strahlepitaxie. Dabei wird das Wachstum mittels Au- und jenes mittels selbst-indu-
ziertem VLS-Mechanismus verglichen. Das Wachstum auf Si(111) Substraten steht im
Mittelpunkt, ergänzt durch zusätzliche Resultate auf GaAs(111)B. Die morphologi-
schen und strukturellen Eigenschaften der Nanodrähte werden sowohl nach langem
Wachstum als auch während der Keimbildungsphase analysiert. Ferner wird mit-
tels Photolumineszenzspektroskopie (PL) die Eignung von GaAs Nanodrähten mit
(Al,Ga)As Hüllen für optoelektronische Anwendungen untersucht.
Die Arbeit beginnt mit einer kurzen Einführung in die grundlegenden Konzepte,
welche für das Wachstum von GaAs Nanodrähten ausgearbeitet wurden. Der Au-
induzierte VLS-Mechanismus ist weithin als vielseitiger Ansatz für die Herstellung
von Nanodrähten bekannt. Darüberhinaus wird seit Neuerem der selbst-induzierte
Mechanismus untersucht, bei dem Galliumtropfen die Rolle des Goldes übernehmen,
da so eine etwaige ungewollte Verunreinigung mit Au von vornherein ausgeschlos-
sen werden kann.
Ziel der Wachstumsstudien sind GaAs Nanodrähte mit großem Aspektverhältnis
und epitaktischer Beziehung zum Substrat. Dieses wurde mit beiden Wachstums-
methoden erreicht. Die Drähte wachsen in die [111] Kristallrichtung, haben typische
Durchmesser zwischen 20 und 100 nm und erreichen leicht Längen von mehreren
Mikrometern. Während des Au-induzierten Wachstums entsteht parallel eine para-
sitäre Schicht zwischen den Drähten. Mittels des selbst-induzierten Mechanismus
kann dies vermieden und parasitäres Inselwachstum auf 1/4 des Gesamtvolumens
verringert werden. Die Au-induzierten GaAs Drähte haben hauptsächlich die Wurt-
zit (WZ) Kristallstruktur, während die selbst-induzierten Drähte in der Zinkblende
(ZB) Kristallstruktur wachsen und Zwillingsbildung zeigen. Alle GaAs Drähte sind
vollständig relaxiert. Die durch die Gitterfehlanpassung (4,1% zwischen GaAs und
Si) verursachte Verspannung wird durch Versetzungen an der Grenzfläche abgebaut.
An Nanodrähten mit ZB Kristallstruktur werde abhängig von der Wachstumsme-
thode unterschiedliche Seitenfacetten beobachtet. Bei den selbst-induzierten Drähten
sind dies ausschließlich unpolare {11¯0} Facetten, während verschiedene (112)-artige,
polare Facetten für Au-induzierte Nanodrähte beschrieben werden. Wir benutzen die
aktuelle VLS-Wachstumstheorie, um den Einfluss des Tropfenmaterials auf die Sta-
bilität der verschiedenen Seitenfacetten zu bestimmen. Im Ergebnis werden {11¯0}
Facetten für Ga Tropfen und (112)-artige Facetten für Au Tropfen unter bestimmten
Bedingungen vorhergesagt. Das unterschiedliche Verhalten resultiert wesentlich aus
der größeren Oberflächenenergie der flüssigen Au Tropfen.
Zum Abschluss wird die Eignung der Nanodrähte für die Optoelektronik unter-
sucht, wozu eine hohe interne Quanteneffizienz und damit lange Lebensdauern von
Minoritätsladungsträgern vorteilhaft sind. Dazu werden Au- und selbst-induziert
gewachsene GaAs Nanodrähte für eine geringere Grenzflächenrekombination mit
(Al,Ga)As Hüllen ummantelt und die Lebensdauer der Minoritätsladungsträger mit-
tels zeitaufgelöster PL bei Raumtemperatur bestimmt. Das Ergebnis von (2.5± 0.1) ns
für die selbst-induzierten und (9± 1) ps für die Au-induzierten Nanodrähte zeigt,
dass ein zusätzlicher Rekombinationskanal in den Au-induzierten Drähten vorhan-
den ist. Durch temperaturabhängige PL Messungen kann eine charakteristische Ak-
tivierungsenergie von 77 meV nachgewiesen werden, die nur in den Au-induzierten
Nanodrähten vorliegt. Daraus wird gefolgert, dass sich Au während des Au-induzier-
ten Wachstums in die GaAs Nanodrähte einbaut und dort als tiefes, nichtstrahlendes
Rekombinationszentrum fungiert.
Stichworte: Galliumarsenid, Nanodrähte, Siliziumsubstrate, Molekularstrahlepita-
xie, Kristallwachstum, Keimbildung, Lebensdauer von Minoritätsladungsträgern
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1. Introduction
The fundamental properties of semiconductors are caused by the mutual dynamic effects
of electrons in the periodic potential of crystalline lattices. As a result, the propagation of
electrons in a semiconductor has to be described by an intricate electronic band structure
with a characteristic energy gap.
In the dominating semiconductor device, the transistor1, charge transport can be well
controlled by external potentials. This development has led to integrated circuits for
the control and amplification of electronic signals and even further to modern digital
microprocessors. In this field of modern electronics, silicon is the most important material
for several reasons, which include that Si crystals can be produced with extremely high
purity, in very large diameter boules and at low cost.
One of the few disadvantages of Si arises from its indirect bandgap, which causes elec-
tronic de-excitations to couple only very weakly to light emission. Most compound semi-
conductors, of which GaAs is the prototype, have a direct bandgap and therefore provide
very efficient electron-light coupling. This property is central to optoelectronic devices
such as light-emitting and laser diodes2 and high-efficiency solar cells3. Furthermore,
extremely high performance electronic devices such as the high electron mobility tran-
sistor (HEMT)4 employ the low effective electron mass in GaAs and the high-quality
GaAs/(Al,Ga)As interface.
In order to combine their respective advantages, the integration of GaAs and Si devices
is highly desirable. However, the two materials have mismatching structural parameters,
most importantly their lattice constants differ by 4.1%. As a result, their monolithic in-
tegration by heteroepitaxy (the well-oriented growth of one single crystal on another)
leads to extended structural defects that originate at their common interface, which sig-
nificantly compromise the final device performance.
A new approach to increasing the crystal quality of structurally dissimilar materials
in general is to drastically reduce the continuous common interface area by the forma-
tion of vertical arrays of nanowires.5,6 The small footprint of the nanowires and their
high surface-to-volume ratio are expected to allow efficient accommodation of the strain
that arises from the substrate interface or likewise within axial heterostructures.7,8 Ex-
tended defects that are introduced into a nanowire are regularly found to bend to its
lateral surface, except when exactly positioned along the nanowire main axis.9 As a re-
sult, the structural quality of nanowires are believed to be completely independent from
their substrate. Other advantages of nanowires include that their large surface-to-volume
ratio makes them ideal materials for molecular sensors,10 that their geometry may ease
the coupling of light into and out of them,11 and that they may facilitate new electronic
device concepts based on the crossbar motif.12
Nanowires can be produced in the traditional top-down approach by resist deposi-
tion, its lithographic structuring, and selective etching of originally bulky structures.
However, this process needs increasingly expensive lithographic tools the more the fea-
ture size is reduced below the wavelength of light. Alternatively, nanowire crystals can
be grown by bottom-up techniques, which function independently of the nanowire di-
ameter. Unidirectional crystals with radial dimensions ranging from the nanometre to
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the millimetre regime are regularly and reliably fabricated using the vapour-liquid-solid
(VLS) growth mechanism.13 The VLS mechanism explains unidirectional crystal growth
by the presence of a liquid metal droplet, which i) serves as the preferred site for deposi-
tion of the crystal constituents supplied in the vapour phase, ii) alloys and supersaturates
with these components, and iii) is lifted upwards by the precipitating solid.
Presently, gold is the technologically most important VLS-assisting metal, because it is
versatile to form nanowires from a wide range of materials and in a broad range of condi-
tions.14 However, the presence of Au in the growth process is also of great concern, since
Au may produce deep-level, carrier recombination centres, which drastically reduce the
minority carrier lifetime.15 Indeed, the incorporation of Au into Si nanowires during VLS
growth has recently been verified using secondary-ion mass spectroscopy (SIMS).16
For VLS growth of compound semiconductor nanowires, a conceivable alternative to
Au consists in the use of the intrinsic metal, which makes contamination impossible.
GaAs nanowires can be fabricated using Ga droplets, which form in molecular beam epi-
taxy (MBE) without special treatment during the first seconds of growth on substrates
covered by thin silicon oxide.17 This mechanism is called ’self-assisted’ VLS, in order to
underline that the droplet material is intrinsic to the compound.
It is the aim of this thesis to establish the fabrication of GaAs nanowires on Si sub-
strates by MBE. This was realized first by the Au-assisted and soon afterwards by the
self-assisted VLS growth mechanism. A detailed comparison of the two methods is the
constant theme of this work.
In Chapter 2, fundamental aspects of epitaxial crystal growth in the planar as well as
the nanowire shape are presented, including nanowire growth techniques and focussing
on the integration of GaAs on Si.
Our own growth experiments of GaAs nanowires on Si substrates by the Au- as well
as the self-assisted VLS mechanism are described in Chapter 3, which also comprises the
results of morphological and structural characterisation of the resulting nanowires and
of the nanowire-substrate interfaces. In addition, growth studies for the optimization of
nanowire growth under morphological aspects are presented.
Chapter 4 is dedicated to a study of the nucleation, the early stage of growth, which
was found to differ significantly between the Au- and the self-assisted method. Since the
nucleation of Au-assisted GaAs nanowires on Si was found to follow an indirect route,
an extra study of the homoepitaxial case on GaAs substrates is presented for comparison.
In Chapter 5, the orientation of the nanowire side facets is studied and the finding of a
mutual difference between the two growth methods is analysed. Building on the current
theoretical understanding of VLS nanowire growth, a model which describes the energy
required for the formation of various side facets is presented. An analytical expression is
employed to understand why and to predict how the probable side facets depend on the
droplet material.
Optical measurements of photoluminescence spectra and transients are presented in
Chapter 6, and the minority carrier lifetimes for nanowires grown by each method are
extracted. This is a very important aspect of the comparison between the Au- and the self-
assisted growth method, since the minority carrier lifetime is a central quantity which
determines the material suitability for applications in optoelectronic devices.
In order to round up this work, a concluding summary of the different aspects of the
comparison is presented in Chapter 7.
2
2. Fundamental Aspects
2.1. Epitaxial Crystal Growth
Epitaxy may be defined as the formation of monocrystalline material on a monocrys-
talline substrate. The term derives from the greek words epiι = above and ταξις = in an
ordered manner. Epitaxial crystal growth can take place from the vapour or the liquid
phase. Traditionally, the growth of thin epitaxial films is considered. In homoepitaxy, the
growing film and the substrate consist of the same material. This technology can be used
to produce epitaxial films of semiconductors with lower defect densities than the sub-
strate. In heteroepitaxy, the growing film and the substrate consist of different materials.
Heteroepitaxy can be used to achieve different aims: first, monocrystalline growth of a
material for which no homoepitaxial substrates exist, and second, the creation of an inter-
face region (called heterostructure) with new physical properties.18 Arguably, the most
advanced techniques for creating multi-layered epitaxial heterostructures is molecular
beam epitaxy (MBE).
2.1.1. Molecular Beam Epitaxy
MBE is a modern epitaxial growth technique dedicated to the growth of semiconduc-
tor crystals with the highest achievable purity and the largest degree of external control.
While this makes MBE the ideal tool for epitaxy research and extremely high performance
applications, other techniques such as metal-organic vapour phase epitaxy (MOVPE) pre-
vail in industry mainly for their faster growth rates.
In the MBE growth chamber, very high purity source elements are evaporated or subli-
mated from special effusion cells and then redeposited on an appropriate substrate. High
vacuum conditions in the chamber ensure that the mean free path of the vaporized par-
ticles is larger than the chamber diameter, such that there is no interaction between them
before they reach the substrate surface (free molecular flow). In fact, ultra high vacuum
(UHV) conditions (p between 10−7 and 10−12 mbar) are employed to minimize the in-
corporation of impurities into the growing crystal. The substrate is usually heated and
rotated during growth in order to increase the crystalline quality and the surface homo-
geneity. Typical growth rates lie between 1 and 4 Å/s. An additional advantage of MBE
is that the epitaxial growth process can be monitored in situ via reflection high-energy
electron diffraction (RHEED). The technology and thermodynamics of MBE growth have
been thoroughly developed.19–21
Crystalline growth, whether by MBE or other methods, is governed by thermodynam-
ics.22,23 Growth occurs when there exists a chemical potential difference between the sup-
plied species in the vapour phase and the solid material to be grown. A steady-state
non-equilibrium situation is established by the continuous consumption of the supplied
species. This leads to a constant chemical potential difference, which represents the driv-
ing force for crystalline growth.
∆µ = µV − µS = kT ln(p/p0), (2.1)
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where the ratio p/p0 is called the supersaturation, p is the actual, and p0 the equilibrium
vapour pressure. If growth takes place under p0, the vapour is in equilibrium with the
solid and µV = µS.
2.1.2. Epitaxial Growth Modes
There exist three modes of epitaxial growth on surfaces, irrespective of the supply phase
being liquid or solid.24 These are described in the following.
Islanding (Volmer-Weber) In the islanding mode, small clusters are nucleated directly on
the substrate and then grow into islands of the condensed phase. This results from
a stronger binding of the growing constituents to each other than to the substrate.
Layer by Layer (Frank-van der Merve) The layer by layer mode shows opposite charac-
teristics. Since the atoms are more strongly bound to the substrate than to each
other, a complete monolayer (ML) is formed first, before growth of the next ML be-
gins, which is somewhat less strongly bound. Layer growth is obtained provided
that the decrease in binding energy is monotonic and reaches the value of the sup-
plied material in bulk phase.
Layer+Island (Stranski-Krastanov) This intermediate case can arise if after growth of the
first (few) ML, which are strongly bound to the substrate, a strong decrease in the
binding energy makes subsequent layer growth unfavourable. Islands are formed
on top of this wetting layer. There may be many different origins for this growth
mode. Anything that disturbs the monotonic decrease in binding energy may be
the origin. A popular application of the Stranski-Krastanov growth mode, where
the accumulation of strain leads to island formation is the self-organized growth of
quantum dots.
A distinction between islanding and layer growth can be made using the surface ener-
gies of film γF and substrate γS, as well as their interface energy γSF. Epitaxial growth
starts in the islanding mode, if the criterion
γS < γF + γSF (2.2)
holds, and otherwise in the layer mode. Because high quality heterostructures require
smooth interfaces, a smooth surface during growth via the layer mode is favourable. If
the completion of started ML is faster than the nucleation of a new layer, layer growth
happens via step-flow.
2.1.3. Challenges in Planar Heteroepitaxy of GaAs on Si
In addition to its own technological importance, the heteroepitaxy of GaAs on Si can be
considered a role model for the monolithic integration of polar on non-polar semiconduc-
tors.25,26 First, the challenges are introduced in general, followed by a detailed discussion
of the case of GaAs on Si.
There are several factors that control the structural quality of heteroepitaxial layers.
Lattice Mismatch The most immediate issue for planar heteroepitaxy is lattice matching.
When two materials with significantly different lattice parameters are grown on top
4
2.1. Epitaxial Crystal Growth
of each other, a huge amount of strain develops quickly with increasing layer thick-
ness. The following situations can result. Thin enough epitaxial films can adopt the
lattice constant of the substrate (pseudomorphic or coherent growth) and stay strained.
Beyond a critical thickness, the strain energy suffices to create defects at the interface
between substrate and layer (plastic relaxation). Line defects, which are confined to
the interface, are called misfit dislocations. Since the lattice mismatch between layer
and substrate occurs in two directions, a 2-D network of misfit dislocations is cre-
ated. Misfit dislocations remain located at the heterointerface but they can create
threading dislocation, which can extend through the whole crystal bulk. Both kinds
of line defects terminate only at a free surface or else cancel with another extended
defect.
Thermal Mismatch Differences in thermal expansion coefficients of the two materials lead
to tensile or compressive strains when the heterostructure is cooled from growth
temperature to ambient conditions. Substrate bowing and bending can result. The
epilayer cracks form when the layer thickness exceeds a critical cracking thickness.
Anti-Phase Boundaries The structural problem of anti-phase-boundaries (APBs) arises in
the case of compound semiconductor growth on a column-IV elemental semicon-
ductor. In elemental (non-polar) semiconductors, both sublattices of the diamond
structure are occupied by the same atoms, while in compound (polar) semiconduc-
tors, each atom resides in a particular sublattice. Anti-phase boundaries arise if the
constituent atoms occupy incorrect sublattices. These structural planar defects typ-
ically form at single atomic steps at the elemental semiconductor surface, when the
neighbouring terraces are decorated by the identical compound.
These structural problems may appear sobering at first, and indeed the heterointer-
face with the lowest defect density to date remains the GaAs/(Al,Ga)As system, which
is essentially lattice matched and does not permit APBs. Nevertheless, the goal of com-
bining the polar compound semiconductors with the well-engineered non-polar silicon
substrates is sufficiently attractive that several strategies were found which address the
above challenges. One of the most important material combinations, that of GaAs on Si,
is presented in the following.
The 4.1% lattice mismatch and between Si and GaAs leads to a very small critical thick-
ness for coherent growth, i.e. ∼ 4 ML on Si(001).27 Another challenge results from the
fact that GaAs on Si grows in the Volmer-Weber islanding mode. Misfit dislocations nu-
cleate in higher-stress regions near island edges by way of which the islands partially
relax. After island coalescence, the defects become trapped and difficult to remove by
subsequent operations. Furthermore, the mismatch in the thermal expansion coefficients
α (5.6× 10−6 for GaAs and 2.6× 10−6 for Si) is large. The critical thickness for the on-
set of crack formation in GaAs epilayers on Si has been experimentally determined to be
approximately 7 µm for ∆T = −575◦C.28 As an effect, threading dislocation densities as
high as 109 − 1010 cm−2 are typical for direct growth of GaAs on Si.26
Several techniques have been developed to reduce the dislocation density in GaAs on
Si. The formation of APBs can completely be avoided by slight substrat misorientation
and high-temperature surface anneal, which leads to a pairing of all Si surface steps.29,25
Two-step growth uses the effect that the number of dislocations is strongly reduced when
the islands coalesce before plastic relaxation takes place. This can be achieved by a low
temperature nucleation step (around 400◦C instead of the typical growth temperature of
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550-600◦C) or instead by migration enhanced epitaxy (MEE).30 Cyclic thermal annealing
uses the large thermal mismatch, such that the strain in the grown layer changes be-
tween compressive and tensile. This reverses the motion of threading dislocations and
facilitates their annihilation.31 Strained layer superlattices employ the force that is exerted
on threading dislocation lines by interaction with stress fields from strained interlayers.
InGaAs/GaAs or GaAsP/GaAs interlayers introduce compressive strain which repulses
the dislocation lines arising from the equally compressively strained GaAs/Si interface.25
Using these techniques, dislocation densities as low as 105 cm−2 have been achieved.32
Such low dislocation densities correspond to an X-ray diffraction (XRD) full-width at half
maximum (FWHM) of approximately 0.03◦.30 This represents a remarkable achievement,
yet state-of-the-art Si, Ge and GaAs substrates show significantly smaller XRD FWHM
nevertheless.
2.2. Nanowires - Quasi 1-D Nanostructures
A different and relatively new solution to the problems of heteroepitaxy is offered by free
standing nanowires. Nanowires are quasi 1-D needle-like crystallites with lateral exten-
sions in the nanometre regime. Such filamentary crystals were originally called whiskers,
but inspired by the popularity of nanotechnology, the term nanowires has taken over in
scientific use since around the year 2000.33
2.2.1. Mechanical Properties
Heterostructures in free-standing nanowires differ from their planar counterparts in their
freedom from lateral boundary conditions. While planar layers are laterally constrained,
since their surface to volume ratio is small, strain originating from the interface can be
relieved in free-standing nanowires via elastic relaxation.
Strain relaxation in nanowires is described by the classical mechanical Principle of St.
Venant, formulated in 1855, which applies to the strain in a long rod introduced by a
clamp at one end.34,35 It can be can be paraphrased as follows:
The strain introduced into an elastic rod that is clamped at one end is com-
pletely released within a distance from the clamp equal to the diameter d of
the rod.
The Principle of St. Venant applies to a nanowire whose one end is connected to the
substrate and which is otherwise free. Further away from the interface, the nanowire
is thus strain-free and extended defects are not necessary. Therefore, strain and defect-
free crystals should be much easier to achieve in the nanowire geometry than in planar
layers.36
The interface (and interface region within ≈ ±d) between nanowire and substrate can
still be defective. But is was shown experimentally, that even threading dislocations
which are initially co-aligned with the major nanowire axis bend off to the nearest lat-
eral sidewall.9 The concept of critical thickness for pseudomorphic growth in planar het-
eroepitaxy translates to a critical diameter dc for nanowires. Obviously, dc is expected to
be larger for axial heterostructures within one nanowire than for heterointerfaces between
nanowires and a semi-infinite substrate.
For the GaAs on Si heterointerface within a nanowire, different values were calculated
by theoretical methods. Ertekin et al. arrived at dc = 40 nm,8 while a dc = 80 nm was
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calculated by a Glas et al. a little later.7 Cirlin et al. determined the critical diameter
by analysing SEM images of straight vertical as well as kinked GaAs nanowires grown
on Si(111) substrates.37 They argued that above the critical diameter “nanowires do not
grow at all or bend out of shape by dislocations” and obtained 110 nm. A more reliable
experimental determination of the critical diameter basing on HRTEM analysis of the
GaAs nanowires of different diameters on Si(111) substrates was presented very recently
and resulted in dc = 40 nm.38
A superior crystalline quality of nanowires, which is largely independent from the
substrate, is a major impulse for research in nanowires.
2.2.2. Bottom Up Nanowire Fabrication
A large variety of mechanisms exist for the epitaxial growth of semiconductor nano-
wires.33,39,40 Common to all nanowire growth methods is the need for
1. a strong anisotropy of the growth rate in order to achieve a much faster growth in
the axial than the radial direction, and
2. the nucleation of numerous isolated nanowires instead of one continuous structure.
Both, anisotropic growth rate and isolated nucleation can quite generally be achieved
by the symmetry-breaking action of particles that collect arriving atoms and locally con-
centrate them. A variety of such particle-assisted mechanisms has been developed and
they were successfully applied to the growth of nanowires from a very large range of ma-
terials.40,41 Amongst them, the most widely used method is the VLS mechanism, which
will be discussed in detail below. Several similar particle-assisted nanowire growth mech-
anisms exist, that are closely related to VLS growth, but either the supply or the collect-
ing phase is different. Examples are the Vapour-Solid-Solid (VSS) mechanism,42 and the
Solution-Liquid-Solid mechanism.43–45
Focussing on GaAs nanowires, the VSS mechanism was discussed controversially: In
contrast to the conclusion by Hiruma that GaAs nanowires grow by the VLS mechanism
in MOVPE,46 Persson et al. concluded that the Au alloy is in fact solid,42 basing on the
observation of diffraction spots during post-growth heating experiments at 540◦C within
a Transmission Electron Microscope (TEM). This conclusion was refuted by Harmand et
al., who studied the RHEED patterns that formed during MBE growth of GaAs nanowires
and found diffraction spots originating from solid Au-Ga alloys only at temperature be-
low 400◦C.47,48
For another class of growth mechanisms no particle is found at the tip of the nanowires.
These can be summarized as particle-free mechanisms. Of current importance for the fab-
rication of GaAs nanowires is the Selective Area Growth: Material can grow only in the
windows of a lithographically structured mask, while nucleation on the mask is inhib-
ited. Growth on partly masked substrates is carried out under conditions that promote
highly anisotropic growth rates.49 Selective area growth has been applied successfully to
form arrays of free-standing GaAs nanowires by MOVPE.50–52
2.2.3. Au-assisted Vapour-Liquid-Solid Mechanism
The most common of the particle-assisted mechanisms, and also the oldest, is the Vapor-
Liquid-Solid (VLS) growth mechanism, which dates back to 1964.13 Au droplets have reg-
ularly been employed since the very beginning, but the VLS mechanism itself is inde-
pendent of the specific liquid material. The versatility of the general VLS mechanism is
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underlined by the fact that it does work not only in advanced growth techniques like
molecular beam epitaxy (MBE), but has also been found in nature53 and even on the
moon.54
In most simple terms, growth species that are supplied in the vapour phase are concen-
trated by a liquid metal droplet acting as a preferred sink for the growth species, which
supersaturates, forms Si by precipitation, and lifts up the droplet in the process. The ma-
terial arrives at the droplet by direct impingement as well as by surface diffusion from
nearby surfaces.
In the case of growth from precursor molecules (e.g. MOVPE), the underlying reason
for the concentration in the droplet might be its catalytic action in the chemical reac-
tion of the precursor decomposition.55 In MBE growth, for which no decomposition of
the elemental growth species is necessary, another process leads to the increased local
concentration of the growth species in the droplet, which Wagner ascribed to a large ac-
commodation coefficient of the droplet surface.56
In the following, we subscribe to the terminology that the liquid material X assists in
the VLS growth of nanowires, and will commonly use the term ”nanowires grown by
the X-assisted VLS mechanism“ or simply “X-assisted nanowires”, as shorthand. The
standard Au-assisted VLS mechanism is described in more detail in the following.
Si
Au
Ga
As
GaAs
Au
a b c
Figure 2.1.: Au-assisted Vapour-Liquid-Solid Growth of GaAs Nanowires. (a) Creation
of Au droplets by deposition of a thin film and subsequent annealing. (b) Sup-
plied Ga and As in the vapour phase are collected by the liquid Au droplet.
(c) Supersaturation of the Au droplets leads to crystallization of the supplied
species at the liquid -solid interface.
The original article of Wagner and Ellis13 sparked intensive research in 1-D crystalline
wires, in the course of which it was found that compounds including GaAs could also be
grown in the same form using liquid Au droplets.56,57 Figure 2.1 presents an illustration
of GaAs nanowire growth by the Au-assisted VLS mechanism.
Conceptually, the growth of compound semiconductors by the VLS mechanism is more
complex, since it requires the formation of a ternary alloy. For the Au-Ga subsystem,
several stable binaries exist, which are all liquid above 491◦C,58 and of which AuGa as
well as β’Au7Ga2 could be detected by TEM after nanowire growth.47 However, the As
solubility in Au-Ga alloys is very small, and there is no binary Au-As solid compound
under 636◦C.59,58
The understanding of the As incorporation was recently advanced by Glas et al. in a
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detailed analysis of the nucleation statistics during InP1−xAsx nanowire growth by the
Au-assisted VLS mechanism.60 An intentional modulation of the As content x created
markers similar to tree rings, whose distances were measured to extract changes in the
growth rate. Statistical analysis led to the finding of sub-Poissonian statistics and the
understanding that the growth takes place by uncorrelated nucleation events. This was
interpreted as being caused by the significant depletion of the droplet from both group-V
elements after one monolayer has nucleated and grown. This effect reduces the super-
saturation, such that the nucleation of the next monolayer is delayed until the group-V
elements have refilled.
The Au-assisted VLS mechanism is very versatile and Nanowires have been grown
from a large variety of other materials (including virtually any elemental and compound
semiconductor).14 Nevertheless, any incorporation of Au can severely affects the elec-
tronic properties of semiconductors, which makes Au incompatible with CMOS technol-
ogy.15
2.2.4. Self-assisted Vapour-Liquid-Solid Mechanism
For compound materials such as III-V semiconductors, an obvious alternative to Au is to
use the metal compound as the assisting particle. Extrinsic defects from the droplet can
completely be avoided when GaAs nanowires are fabricated by Ga-assisted VLS growth.
Fontcuberta et al. have presented GaAs nanowires with Ga droplets at their top, grown
on GaAs substrates covered by a thin layer of silicon (sub-)oxide SiOx. They proposed
the following mechanism and called it Ga-assisted VLS growth.17 In order to underline
the fact that the Ga droplets form by themselves in the beginning of growth, the related
term self-assisted is used in the following.
Si
SiO
x
Ga
Ga
As
GaAs
Ga
a b c
Figure 2.2.: Self-assisted Vapour-Liquid-Solid Growth of GaAs Nanowires. (a) A thin
film of SiOx is prepared on the substrate. (b) While the supplied arsenic ini-
tially desorbs, the diffusing Ga atoms form liquid droplets, which are immo-
bilized by either pre-existing or Ga-etched pinholes in the SiOx. (c) Once the
droplets have formed, supersaturation of the Ga droplet with As leads to the
crystallization of GaAs at the liquid-solid interface.
A schematic of the self-assisted growth of GaAs nanowires on Si substrates is presented
in Figure 2.2. The Si substrate is covered by a thin film of its native oxide (SiOx) or other
silicon oxide prepared dedicatedly.
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• Upon supply of the growth species, the arsenic initially desorbs, while the supplied
Ga forms liquid droplets. This may be assisted by the enhanced Ga diffusion length
on the SiOx. The Ga droplets are immobilized by pinholes in the oxide, whose
origin is not clear. They may either be pre-existing or have been ’etched’ into the
SiOx by a reaction with Ga. In this way, epitaxial contact to the Si substrate can be
created, provided the oxide is not too thick (< 30 nm for sputter coated SiOx).17
• Once the droplets have formed, enrichment and supersaturation of the Ga droplet
with As leads to the crystallization of GaAs at the liquid-solid interface.
The understanding that the surface oxide helps in the formation of Ga droplets clari-
fied earlier reports on “oxide-assisted” nanowire growth.61 Later on, Mandl et al. could
demonstrate that a thin oxide layer on the substrate is beneficial for the formation of suf-
ficiently small metal droplets and their immobilisation during the initiation of nanowire
growth.62 Recently, Plissard et al. have shown that self-assisted GaAs nanowire growth
is possible directly on clean Si, but the formation of unwanted islands between the nano-
wires had strongly increased.63
2.3. Zincblende-Wurtzite Polytypism
At ambient conditions, many III-V and II-VI semiconductors, including the III-As, adopt
the zincblende (ZB) crystal structure. However, the segments of the closely related hexag-
onal Wurtzite structure (WZ) are also regularly found in III-V nanowires.64–66 Polytypism
is the co-existence of related crystal structures, which differ in their stacking sequence.
The two crystal structures are presented in Figure 2.3 in order to highlight their similar
structural qualities. Both structures are 4-fold coordinated, but the WZ has an ABABAB...
stacking sequence along its hexagonal [111] axis, rather than the ABCABC... stacking of
the ZB along its cubic [111] axis. Thus, they differ only in the geometry of bonding of
their third nearest neighbours, which explains their close similarity. As a result, they
have only small differences in their internal energies. In the hexagonal WZ structure,
the bond lengths can be (slightly) unequal, while the ZB structure has ideal tetrahedral
coordination. Therefore, two basis vectors a and c are necessary to determine the WZ
unit cell, while one suffices for the complete description of the ZB one.
While some compound semiconductors, e.g. AlN, GaN, and ZnO, are stable in the
WZ structure, WZ GaAs does not naturally occur. However, nanowires can adopt the
WZ structure for kinetic reasons.67 In order to create WZ GaAs in the bulk, very high
pressures are needed, which was achieved by McMahon et al.68 After subjecting finely
powdered ZB GaAs to a pressure of 14 GPa, moderate heat, and subsequent slow recov-
ering to ambient pressure, they found that the GaAs had transformed to the WZ phase.
They analysed the crystal structure of the WZ GaAs by Synchrotron XRD and could de-
termine the lattice parameters to very high precision. The result is presented in Table 2.1
together with the well-known values for ZB GaAs, which can be found in databases.69
A comparison of the lattice parameters measured by McMahon et al. for WZ GaAs with
those well-known for ZB GaAs demonstrates that a is slightly smaller and c is slightly
larger than the equivalent ZB lattice spacings d110 and 2× d111. Therefore the c/a ratio
is larger than its ideal value for perfect tetrahedral coordination (
√
8/3 ≈ 1.633, like
in ZB). According to McMahon et al., this is clear evidence for metastability of the WZ
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Figure 2.3.: Zincblende (ZB, a) and Wurtzite (WZ, b) stacking sequences Both struc-
tures are four-fold coordinated and differ only in the bonding geometry of
their third nearest neighbour. The stacking sequence is ABCABC... for ZB
along the cubic [111] direction and ABABAB... for WZ along the equivalent
hexagonal [0001] direction (c-axis). Other equivalent directions are 〈11¯0〉 and
〈112¯0〉 (a-axis) as well as 〈112¯〉 and 〈101¯0〉.
structure. Three slightly longer bond lengths for WZ GaAs in comparison to ZB GaAs
indicate likewise.∗
GaAs is stable in the ZB but only metastable in the WZ structure. Therefore, there is
an additional energy associated with its formation, which has been calculated in compu-
tational studies and was reported to be ∼ 12 meV/atom.68 Nevertheless, Hiruma et al.
reported, that III-As nanowires grown by the Au-assisted VLS mechanism in MBE adopt
the WZ crystal structure.64,46 They also found rotational twins in their ZB InAs and GaAs
nanowires and explained how the WZ structure could be built up by many of them. Rota-
tional twins mean that in discrete sections of a nanowire the atomic positions are rotated
by 180◦ around a twin axis, which in their case was co-aligned to the [111] growth axis.
In these twin segments, the ABCABC... stacking sequence of zincblende is reverted to
CBACBA... . Therefore, the sequence is ABC(AB|A)CBA... around the twin boundary
denoted by a vertical line. The brackets indicate a 3 ML thin segment of the WZ crystal
structure, for which the stacking sequence is ABAB... . Thus, when a rotational twin
occurs after every ML, pure WZ is generated.
ZB-WZ Polytypism is so frequently found in GaAs nanowires, that it appears to be
rather the rule than the exception.42,47,70 Since electronic and optical defects can be as-
∗In contrast, for compounds like GaN that naturally adopt the WZ structure, the c/a ratio is smaller than
1.633.
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Structure Zincblende (ZB) Wurtzite (WZ)
Space group F -4 3 m (216) P 6 3 m c (186)
Lattice 2 face centred cubic sublattices 2 hexagonal sublattices
Basis Ga (0, 0, 0) and Ga ( 13 ,
2
3 , 0) and
As ( 14 ,
1
4 ,
1
4 ) As (
1
3 ,
2
3 , u = 0.373)
Lattice Parameters a = 5.65359 Å
d110 = 3.99769 Å a = (3.989± 0.001) Å
2× d111 = 6.52820 Å c = (6.564± 0.001) Å
c/a ratio d110/(2× d111) =
√
8/3 ≈ 1.633 c/a = (1.645± 0.005) Å
Bond lengths 2.448 Å (4 bonds) 2.448 Å (1 bond),
2.449 Å (3 bonds)
Table 2.1.: Structure Parameters of Zincblende and Wurtzite GaAs after 68,69.
sociated with the twin boundaries,71 it is favourable to control their formation and to
achieve either phase-pure nanowires72,73 or a twinning superlattices.74
Therefore, the understanding of the origins of ZB-WZ polytypism is of high relevance
for the nanowire community. It has been shown by Glas et al. in 2007 that the formation
of WZ GaAs in nanowires can be explained by the kinetics of VLS growth and arises from
the lower lateral energy of the WZ nanowire side facets.67 The detailed argumentation is
presented in Chapter 5.
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All growth experiments for the presented work were performed in MBE VI machine (M6)
at Paul-Drude-Institut, see Figure 3.1, which contains two growth chambers. One (the Au
chamber) is equipped with a Au source for nanowire growth using this metal. It contains
a very reliable arsenic cracker cell made by EPI, whose cracker zone temperature was
set at 600◦C to provide a molecular beam of As4. The second growth chamber (III-V
chamber) is dedicated to the growth of high-quality III-As semiconductors and equipped
with Si and Be dopant sources. It contains both an arsenic cracker cell made by Addon
and an additional arsenic evaporation cell from Createc, which were similarly set up to
provide As4. Although the self-assisted VLS growth of GaAs nanowires was established
in both chambers, most of the presented experiments were performed in the Au-chamber
in order to facilitate the highest comparability with the nanowires grown by the Au-
assisted method.
Figure 3.1.: Photograph of MBE VI machine (M6) at Paul Drude Institute. From left to
right, the III-V chamber, middle chamber and loading chamber are shown.
The Au chamber is hidden.
In this chapter, details of the growth processes and the resulting nanowire morpholo-
gies and microstructures are presented. Section 3.1 describes Au-assisted GaAs nanowire
growth on GaAs(111)B as well as on Si(111) substrates. For the latter, the overall crystal
structure and the interface morphology are reported. In Section 3.2, nanowire growth by
the self-assisted VLS mechanism, using automatically formed Ga droplets and a thin SiOx
layer, is subsequently described and growth series for the optimization of the nanowire
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morphology and their yield are presented. Finally, the resultant morphology, microstruc-
ture and crystal structure of the obtained nanowires are shown.
3.1. Au-assisted VLS Nanowire Growth
The VLS mechanism originally described the growth of elongated Si crystals using Au
droplets (Sect. 2.2.2). However, already in their original work of 1964, Wagner and Ellis
formulated the expectation that the mechanism also works for “compound crystals, for
example GaAs”,13 which was indeed soon demonstrated.75,76
These early reports on III-V whiskers were followed up in the early to mid 1990s by
Hiruma et al. at Hitachi in an effort to employ 1-D crystals for optoelectronics appli-
cations.46 They grew GaAs nanowires by the Au-assisted VLS mechanism and estab-
lished that the preferred growth direction is [111]B, which allows ZB-WZ polytypism
(see Sec. 2.3). Despite the success of the group in producing p-/n-junctions and even an
LED, their work was discontinued.
However, towards the end of the 1990s, strong interest arose in the applications of very
small structures, which was subsumed under the buzz-word nanotechnology. In this spirit,
reports on Au-assisted VLS growth of Si, Ge and III-V nanowires with diameters as low
as 3 nm by Lieber and co-workers have attracted a lot of attention.77,78 Unfortunately,
the originally employed growth method, laser-assisted growth in a quartz tube, had the
effect that the wires formed far from the substrate without any epitaxial relation.
Soon afterwards, Samuelson and his group at Lund University followed up the work
by Hiruma et al.: Ohlsson et al. reported on the Au-assisted VLS growth of GaAs nano-
wires on GaAs(111)B substrates by chemical beam epitaxy (CBE) and demonstrated size,
position and shape control.79 In 2004, as an important step towards an integration of III-V
nanowires with Si, Martensson et al. demonstrated Au-assisted VLS growth of GaAs and
other III-V nanowires on Si substrates.6 They used Si(111) as well as Si(001) substrates
and found vertical nanowires only on the former orientation. Wacaser et al. focused
again on GaAs nanowires and showed that when they are grown on (111)A substrates
with an additional organic layer, phase-pure ZB nanowires can be grown on GaAs(111)A,
while on GaAs(111)B the nanowires contained many stacking faults.72
Among the first demonstrations of GaAs nanowire growth in MBE were Wu et al. who
used a combination of Au-assisted VLS mechanism and selective area epitaxy through
porous alumina templates.80,81 By 2005 Dubrovskii et al. demonstrated that the Au-
assisted VLS mechanism alone is sufficient for the MBE growth of GaAs nanowires, and
that the length to diameter relation could be understood in terms of a sidewall diffusion
model.82 It was shown in the same year by Harmand et al. using RHEED, that the Au
particle is indeed a liquid alloy during growth,47 which contrasts to results of heating
experiments of CBE-grown GaAs nanowires suggesting that it is solid.42 Tchernycheva
et al. reported that Au-assisted VLS growth produces GaAs nanowires on GaAs(111)B
in the temperature range between 470 and 570◦C at a V/III flux ratio of 2,65 which is in
good agreement with a temperature window between 500 and 600◦C at V/III flux ratios
of 1.5 and 2.3 in gas-source MBE, as reported by Plante et al.83
The first reports on MBE growth of GaAs nanowires on Si substrates appeared in 2007:
Ihn et al. demonstrated that the nanowires grow again along [111], and that stacking
faults lead to wurtzite-zincblende polytypism,84 both well known features from growth
on GaAs substrates. Similar results were published by Soshnikov et al., amended by
a detailed RHEED study that also showed the polytypism.85 PL spectra of Au-assisted
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GaAs nanowires on Si were also demonstrated.86,87 In the following year, a detailed study
of the influence of the As flux on the nanowire morphology was published by Paek et al.,
which showed that radial growth can be avoided at high As fluxes.88
3.1.1. Au-assisted GaAs Nanowires on GaAs(111)B
When the work on this thesis was started in 2007, there was no previous experience with
any particle-assisted nanowire growth at Paul Drude Institute. A detailed study of nano-
wire growth on Si substrates was our main goal from the beginning. The first successful
growth of GaAs nanowires on Si by MBE had just been reported in that year, but the
growth conditions were not described in sufficient detail for direct reproduction of the
conditions.84 Therefore, we started our GaAs nanowire growth experiments on GaAs
substrates, following the conditions described by the Harmand group.47,65 Substrates
with the (111)B orientation were used, such that the usual 〈111〉B growth direction is
vertical.46
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Figure 3.2.: Au droplet preparation on GaAs(111)B AFM micrographs of (a) terraced
GaAs(111)B buffer layer, (b) after Au layer deposition, inset shows HR-TEM
cross section for the determination of the layer thickness, (c) Au droplets
formed after annealing.
The semi-insulating, on-axis GaAs(111)B substrates were degassed in the load lock at
300◦C for 20 min and then transferred into the “Au“ growth chamber of M6, of which
one Knudsen cell had been filled with Au (5 g of 99.995% gold). A terraced GaAs(111)B
buffer layer89–91 was grown at 600◦C, in order to cover surface impurities, to level the ini-
tially rough surface, and thus to reduce the possibility for the creation of crystallographic
defects in the following structures. Formation of atomic terraces was checked by AFM as
presented in Fig. 3.2a.
A film of Au was deposited from the effusion cell (source temperature TAu = 1000◦C)
onto the buffer layer for 6 min at a substrate temperature of TS = 20◦C. This process led
to a continuous film of Au on GaAs as presented in Fig. 3.2b, with a film thickness of
0.6 Å as determined by HR-TEM (inset). Subsequent annealing for 5 min at TS = 550◦C
under As atmosphere (Fig. 3.2.c) led to the de-wetting of the Au film and the creation
of Au droplets, which may already form eutectic alloys with substrate Ga atoms at this
temperature.58 We will use the simple term ”Au droplets“ hereafter, notwithstanding that
there may be a substantial amount of Ga in the alloy. At this point the Au droplets had
average area densities of 10 droplets/µm 2 and diameters of 35± 8 nm as determined by
AFM. The true diameters of the Au droplets are probably somewhat smaller, since small
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pyramidal bases of GaAs appear to have formed prior to growth by consumption of As
from the background supply provided to prevent substrate disintegration.
1 µm
a b
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Figure 3.3.: Au-assisted GaAs nanowires on GaAs(111)B (a) SEM micrograph (80◦ in-
clined substrate) of as-grown nanowires, with nanowires bending due to SEM
charging effects, (b) magnification with material contrast using the BSE detec-
tor indicating the presence of heavy atoms at the nanowire tips, (c) TEM mi-
crograph of hexagonal nanowire cross sections (image taken by A. Trampert).
After the Au droplet preparation, nanowire growth could be initiated. A growth tem-
perature of TS = 500◦C and a V/III flux ratio of JAs/JGa = 2 had been shown to give GaAs
nanowires with minimized tapering.65,83 Thus, the substrate temperature was ramped
down to TS = 500◦C and the system was allowed to settle for 5 min under a high As sup-
ply flux of JAs = 5 nm−2s−1 (the equivalent BEP was 1.2× 10−5 torr). For an exemplary
nanowire growth run, the Ga shutter was opened for 30 min with a Ga supply flux of
JGa = 2.5 nm−2s−1 such that JAs/JGa = 2 (the equivalent Ga-limited planar growth rate
was vGa = 400 nm/h). The sample was rotated continuously except for interruptions for
obtaining RHEED patterns. After closing of the Ga shutter, the substrate temperature was
ramped down to TS = 20◦C with 10 K/min and the As supply flux was at first reduced
to 1/2 and then completely closed below TS = 400◦C. The sample was then unloaded,
cleaved into smaller pieces and analysed.
Figure 3.3 depicts micrographs of an exemplary sample of Au-assisted GaAs nano-
wires grown on GaAs(111)B in this way. An SEM image obtained with the electron beam
incidence inclined 80◦ to substrate normal is presented in Fig. 3.3a. The wires are aligned
vertically to the substrate, but bend in the SEM due to charging effects. At the top 100 nm,
the nanowires are tapered. Using further SEM images, the average lengths (1.7± 0.2µm),
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diameters at the bottom (40 nm) and top (20 nm), as well as the nanowire area density
(10/µm2) were determined. At the nanowire base, faceted pyramids are visible and ad-
ditional 2-D growth of a closed basal layer appears likely, since only about one half of the
provided GaAs volume is present in the nanowires. Fig. 3.3b depicts the nanowire top
regions under enhanced material contrast using a detector for back-scattered electrons
(BSE). Since the heavy Au atoms provide a high contrast, the Au droplets at the nano-
wire tips with diameters ≈20 nm can clearly be identified. Some tapering can be seen in
addition, although the image is slightly distorted vertically. The nanowire cross sections
are hexagonal, as can be seen in a TEM image (Fig. 3.3c) of detached nanowires. The
nanowire diameters obtained here fit to those determined by SEM close to the tapered
nanowire tips.
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Figure 3.4.: RHEED during growth of Au-assisted GaAs nanowires on GaAs(111)B
When the beam was incident in substrate azimuths (a) 〈11¯0〉 and (b) 〈112¯〉,
the characteristic transmission patterns of Wurtzite GaAs are observed, indi-
cating epitaxial alignment of nanowires and substrate.
Figure 3.4 presents RHEED patterns obtained during nanowire growth and show the
characteristic transmission patterns of WZ GaAs, when the beam was incident along the
high-symmetry substrate azimuths. They indicate a dominance of the WZ crystal struc-
ture and a [0001]-oriented growth axis. The epitaxial alignment of hexagonal [0001],
〈112¯0〉, and 〈101¯0〉 directions of the nanowires with their equivalent cubic directions
[111], 〈11¯0〉, and 〈112¯〉, respectively, of the substrate can be deduced.
Successful growth of epitaxially aligned Au-assisted GaAs nanowires on GaAs(111)B
substrates was thus established. The presence of Au droplets at the nanowire tips as well
as the correspondence of droplet and nanowire diameter clearly demonstrate that growth
followed the VLS mechanism.
3.1.2. Au-assisted GaAs Nanowires on Si(111)
Successful MBE growth of Au-assisted GaAs nanowires on Si substrates had just been
reported by Ihn et al. when our own experiments begun in 2007.84 However, their
growth conditions were not reported in sufficient detail to allow straight-forward repro-
duction. Therefore, we transferred the conditions from our own growth experiments on
GaAs(111)B to growth on Si. Si substrates with (111) orientation were used in order to
obtain a majority of vertical nanowires.
Different batches of Si(111) substrates were used during this work, which were either
full 2” wafers, or quarters thereof, or 2× 2 cm2 square pieces. The substrates were either
unintentionally doped or n-doped (by phosphorous) and had different degrees of miscut
between 0.5◦ and 2◦. These minor differences between the substrate batches were later
found to have no effect on the nanowire morphology.
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Figure 3.5.: Si(111) before and after Au droplet preparation AFM micrographs of Si(111)
substrates cleaned by anisotropic chemical etching using NH4F. (a) terraced
Si(111) surface, (b) surface after deposition of 0.6 nm Au and annealing at
550◦C for 5 min. Au droplets appear to have formed holes on the surface,
probably related to the formation of a Au-Si eutectic alloy.
For a reproducible preparation of a planar surface in MBE, buffer layer growth is ideal.
However, the Si source available in M6, a standard effusion cell dedicated to doping, does
not provide sufficient fluxes for this purpose. An additional problem is the removal of
the native silicon oxide. Thermal desorption would require heat treatments at substrate
temperatures above 900◦C, which cannot be reached by the MBE system used here.92,93
Three different methods for Si(111) surface preparation were employed: The silicon oxide
was removed either by “polishing” under an incident Ga-flux, or by wet chemical proce-
dures before loading, which create an H-terminated (hydrophobic) Si surface. Details of
Ga-polishing, and chemical HF- and NH4F- procedures can be found in Section A.2.
An AFM image of a Si(111) substrate, chemically cleaned using NH4F, is presented
in Figure 3.5a and depicts (111) terraces produced by the anisotropic etching. The step
heights correspond to mono-, bi-, tri-, and tetra-layers of Si(111). After chemical etching,
the substrates were loaded into the MBE within 15 min, in order to avoid the formation of
native oxide. The H-terminated substrates were then heated in the preparation chamber
to 300◦C for 30 min under UHV and transferred into the “Au“ growth chamber. In the
following, Au droplets were prepared by deposition of 0.6 nm of Au at TS = 400◦C onto
the Si(111) surface and annealing at TS = 550◦C for 5 min. Figure 3.5b depicts an AFM
image of a Ga-polished Si(111) substrate after Au deposition and anneal. Several holes
with depths of approximately 0.4 nm, diameters between 10 and 20 nm and a density of
∼ 10 µm−2 are visible, which appear to be the result of Au-Si eutectic alloy formation.
Again, the term Au droplets will be used hereafter for this Au-Si alloy, which is expected
to remain liquid above the eutectic temperature of 360◦C.58
After Au droplets had been prepared on the Si(111) substrates, nanowire growth was
initiated with identical parameters to the case on GaAs(111)B. In this way it was tested
if the same growth parameters work for both substrates. At a substrate temperature of
500◦C, the As valve was opened before growth to establish a stable As4 supply equivalent
to JAs = 5 nm−2s−1 and a BEP of 1.2× 10−5 torr. Opening of the Ga shutter initiated GaAs
growth, the exemplary sample discussed below was grown for 30 min. The Ga supply
flux was JGa = 2.5 nm−2s−1, such that JAs/JGa = 2 and that the equivalent Ga-limited
planar growth rate was vGa = 400 nm/h. Again, the sample was rotated continuously
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Figure 3.6.: Au-assisted GaAs nanowires grown on Si(111) (a) SEM micrograph (side
view) detailing nearly perfect vertical alignment of the nanowires to the sub-
strate; top and bottom insets show transmission RHEED patterns of the WZ
crystal structure, as obtained in the 〈11¯0〉 and 〈112¯〉 substrate azimuths, re-
spectively, which demonstrate the epitaxial alignment of nanowires and sub-
strate. (b) magnification of the top region evidencing tapering of the nanowire
tips; inset SEM micrograph with enhanced element contrast (by BSE detector)
indicates the position and small size of Au droplets. (c) magnification of the
bottom region revealing a closed GaAs layer and pyramids at the base of the
nanowires.
except for interruptions for obtaining RHEED patterns. After closing of the Ga shutter,
the substrate temperature was ramped down to TS = 20◦C with 10 K/min and the As
supply flux was switched off immediately. Following unloading and cleaving, the sample
was characterised.
Figure 3.6 presents SEM micrographs of an exemplary sample of Au-assisted GaAs
nanowires grown for 30 min on Si(111), cleaned by Ga-polishing. In an overview SEM
micrograph (3.6a), nanowires with very similar shapes as for the case on GaAs(111)B are
apparent. Again, the nanowires are tapered in the top region, and there are pyramids
and a closed layer at their feet. On average, the nanowires had main diameters of 50 nm
and tip diameters between 10 and 20 nm, lengths of 2.1± 0.3 µm, and an area density of
6/µm2. The total volume in the nanowires corresponds to a layer thickness of 70 nm.
Again, the appearance of distinct RHEED transmission reflections in the high-symmetry
substrate azimuths verifies the epitaxial alignment of nanowires and substrate with hexag-
onal [0001], 〈112¯0〉, and 〈101¯0〉 aligned parallel to the cubic [111], 〈11¯0〉, and 〈112¯〉, re-
spectively. The transmission RHEED patterns, obtained in the 〈11¯0〉 (top inset) and 〈112¯〉
substrate azimuth (bottom inset), evidence that the nanowire crystal structure is mainly
WZ. A magnification of the nanowire tip region (3.6b) illustrates a pencil shape of the
wires, caused by tapering of the top 100 nm. The inset presents an SEM micrograph,
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whose element contrast has been enhanced by use of the BSE detector. The positioning of
Au at the very tip of the nanowires is confirmed and the diameter of the Au alloy droplets
is estimated to be ≈ 10 nm. A magnified SEM micrograph of the nanowire base region
(3.6.c) reveals that pyramids and a 130 ± 20 nm thick closed GaAs layer have formed
at the nanowire base. Thus, the basal layer takes up approximately 2/3 of the incident
amount of Ga.
3.1.3. Structural Properties of Au-assisted GaAs nanowires on Si(111)
The overall crystal structure of the exemplary sample of Au-assisted GaAs nanowires
grown on Si(111) was analysed by XRD and the microstructure by HRTEM.
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Figure 3.7.: Symmetric XRD Scan of Au-assisted GaAs Nanowires on Si(111) An ω2θ
scan near the 111 substrate reflection is shown. (Measurement performed by
B. Jenichen)
The structural quality of the GaAs, which had formed nanowires as intended but also
had formed parasitic pyramids and a closed layer, was analysed by X-ray diffraction
(XRD). Measurements were performed at the PANalytical X’Pert MRD diffractometer
with a Cu Kα source, employing a triple crystal setup with analyser crystal at the detec-
tion side for increased angular resolution.
In figure 3.7, a symmetric ω2θ-scan is presented as measured for the exemplary sam-
ple described before. From these data the out-of-plane lattice parameters can be obtained.
Three peaks are visible. The strongest peak at 14.22◦ corresponds to the Si(111) substrate
reflection with the lattice parameter dSi(111) = 0.313560 nm.69 Using this as a reference,
the lattice spacing for the peak at 13.65◦ is determined to be 0.3264 nm, which corre-
sponds to the 111 reflection in relaxed ZB GaAs. This structure is attributed to the basal
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layer, since the nanowires were found by RHEED to be WZ instead. Furthermore, the
larger peak intensity agrees with the observation of more material volume in the basal
layer than in the nanowires. In a similar fashion, the peak at 13.56◦ corresponds to a
lattice spacing of 0.3284 nm, which is in good agreement with c/2 in relaxed WZ GaAs
(0.3282 nm).68 This peak and the WZ crystal structure are attributed to the nanowires, in
accordance with the in-situ RHEED observations.
The full-width-at-half-maximum (FWHM) of the nanowire reflection of 0.01◦ is compa-
rable to that of the Si substrate (0.007◦). In contrast, the layer peak is considerable broader,
i.e., 0.04◦ FWHM. Such broadening is typical for GaAs layers on Si substrates and is
known to arise from structural defects and residual strain in the epitaxial GaAs layer, ul-
timately caused by lattice mismatch, thermal expansion mismatch and anti-phase bound-
aries between Si and GaAs.26 Finally, the range of structural tilt has been determined by
measurement of the FWHM of omega scans with fixed detector position. FWHM values
of 0.2± 0.1◦ for the ZB layer and 0.4± 0.2◦ for the WZ nanowires are obtained. These
are low values particularly in comparison with self-induced (non-VLS) GaN nanowires
grown on Si(111), which typically show 3◦ of tilt and more.94
Although the basal GaAs layer on Si shows strong broadening due to extended defects,
the GaAs nanowires themselves are nevertheless epitaxially well aligned to the substrate
and they appear to have very few extended defects.
Microstructure of Nanowires and Parasitic Growth
Complementary to the integral structure analysis by XRD, the local microstructure has
been analysed by TEM. Figure 3.8 depicts micrographs obtained for Au-assisted GaAs
nanowires grown on Si(111) for 30 min. In Fig. 3.8a, a conventional high-resolution TEM
image with the incident beam close to the 〈11¯0〉 zone axis is shown. The Au droplet at the
nanowire tip is clearly visible and appears to be in a polycrystalline phase under ambient
conditions, as indicated by lattice fringes in the top region of the Au droplet. The ABAB
stacking in the growth direction indicates that the GaAs nanowire is in the WZ crystal
structure. This agrees well with the observation of WZ pattern by RHEED during and
after growth.
Figure 3.8b presents a HR-TEM lattice fringes image, which demonstrates almost per-
fect WZ crystal structure both at the bottom end of the nanowire and at the neighbouring
top of the basal pyramid. The only defects are (probably two) planar stacking faults indi-
cated by an arrow. Otherwise, the crystal structure appears to be perfect. However, the
density of stacking faults increases drastically towards the bottom of the basal pyramid,
see Figure 3.8c.
The microstructure of the parasitic planar GaAs layer and the GaAs-Si interface is pre-
sented in Figure 3.9. A micrograph of the region directly below a nanowire that was
broken off during sample preparation (original position indicated by white arrow) is
presented in Fig. 3.9a. At this position the maximum thickness of the basal layer (which
includes the basal pyramid) is 280 nm, while the average nanowire length of this sam-
ple was 2100 nm (Sect. 3.1.2). Several extended defects are present in the layer: stacking
faults and (micro-) twins along 111 planes both parallel and 70◦ inclined with respect
to the interface, grain boundaries between regions with different stacking. Furthermore,
the strain contrast indicates plastic relaxation by misfit dislocations at the interface, and
probably also threading dislocations as well as anti-phase boundaries.
Fig. 3.9b presents a HR-TEM magnification of the region around the GaAs-Si interface.
Again, stacking faults, twins and microtwins are apparent in the GaAs layer. At the in-
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Figure 3.8.: Microstructure of Au-assisted GaAs Nanowire and Basal Pyramid HR-TEM
images (a) of Au droplet and nanowire top end (in WZ crystal structure), (b)
of nanowire bottom end with pyramidal base (both WZ, arrow indicates one
pair of stacking faults), and (c) TEM image of pyramidal base, which has a
high number of stacking faults. (Images taken by A. Trampert)
terface, steps on the Si surface and misfit dislocations are identified. In addition, clusters
of a separate phase are found as indicated by arrows. While some clusters appear amor-
phous, others are crystalline and show a lattice spacing approximately 20% smaller than
Si (0.543095 nm). Since the lattice constant of Au (0.40782 nm) is roughly 24% smaller
than that of Si, the clusters are concluded to consist mainly of Au. These Au clusters,
which remain at the GaAs-Si interface, cannot contribute to nanowire growth by the VLS
mechanism for an unknown reason. Furthermore, Au clusters are expected to have dele-
terious effects on the electrical and optical properties of both Si substrate and GaAs layer.
3.1.4. Summary of Au-Assisted Growth Experiments
Au-assisted GaAs nanowire growth was achieved both on GaAs(111)B and on Si(111)
substrates. The fact that identical growth conditions could be used for both substrates
demonstrates the versatility of the employed Au-assisted VLS mechanism. Morpholog-
ically, the obtained Au-assisted GaAs nanowires show a very high aspect ratio and are
epitaxially well aligned to the substrate. Typically, the nanowire diameters ranged be-
tween 20 to 50 nm, but tapered tips lead to a ”pencil-shape”. This corresponds to reports
by Plante et al., who furthermore observed that the lateral facets differed between the top
and the main part of the nanowires, and who explained this by non-VLS lateral growth.95
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Figure 3.9.: Microstructure of Basal GaAs Layer formed during Au-assisted GaAs
nanowire growth on Si(111). (a) TEM image of basal layer with stacking
faults, micro-twins, misfit dislocations at the interface, and strain contrast due
to residual strain. (b) HR-TEM image of interface region showing clusters at
the interface. (Images taken by A. Trampert)
Independent of the substrate there is a substantial amount of parasitic, i.e. non-nanowire,
growth of GaAs: at the base of each nanowires a pyramidal pedestal and between them
a thick planar layer forms.
In the considered window of growth parameters, all Au-assisted nanowires were found
to adopt the WZ crystal structure and show very few defects. For growth on Si(111), not
surprisingly, the parasitic basal GaAs layer is of low structural quality. The formation of
a closed GaAs layer at the nanowire base leads to plastic strain relaxation and the forma-
tion of extended defects in the layer. Nevertheless, XRD and HRTEM data demonstrate
that even on Si(111), GaAs nanowires by Au-assisted VLS growth are fully relaxed and
epitaxially well aligned, despite the fact that the basal layer is highly defective.
Furthermore, Au-related clusters were found at the interface. This is a matter of con-
cern, since Au atoms may diffuse into the Si bulk and form deep trap states, which
severely reduce carrier mobility in the substrate. This process caused the exclusion of
Au from the standard CMOS process. Au cluster formation at the Si interface might be
overcome by a different method of Au droplet preparation, such as deposition as col-
loidal solutions.14 However, Au-diffusion into the GaAs nanowires themselves can also
lead to defect states. This issue will be discussed further in Chapter 6.
3.2. Self-assisted VLS Nanowire Growth
Two articles in 2006 reported VLS growth by MOVPE of In(P)As nanowires that was re-
markably Au-free and used a thin oxide layer: Mandl et al. observed no metal droplets
at the nanowire tips and concluded that ”the catalyst (droplet) function is taken over by
a thin film of SiOx“, but they did not provide a more detailed nanowire growth mecha-
nism.61 In contrast, Mattila et al. demonstrated the presence of In droplets at the tips of
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their nanowire and concluded that the thin native oxide on the Si substrates had played
a crucial role in the formation of these droplets.96 Two years later, Fontcuberta i Morral
and her group demonstrated by MBE that GaAs nanowires grow in a similar fashion on
GaAs substrates covered with a thin film of SiOx.97 They showed furthermore, that the
nanowires nucleate in holes of the oxide and that epitaxial relation between nanowire
and substrate results provided the oxide thickness is below 30 nm.17 Self-assisted GaAs
nanowire growth on Si substrates was at first demonstrated by Jabeen et al.98 It was es-
tablished by Mandl et al. that the main role of the SiOx film is to immobilize the droplets
in well-defined areas on the surface and to change the size and density distribution from
few very large to many small droplets.62
3.2.1. Self-assisted GaAs Nanowires on Si(111)
During our initial studies of nanowire growth in 2008, several articles improved the un-
derstanding of the self-assisted VLS mechanism for III-V nanowires.97,17,99 Motivated by
the prospect to remove Au from the growth process, we set out to grow GaAs nanowires
by the self-assisted VLS mechanism. Since the necessary thin film of SiOx must be de-
posited onto GaAs substrates by additional processing but forms natively in air on Si,
growth experiments were directly started on Si substrates.
Different batches of Si(111) substrates were used during this work, which were either
full 2” wafers, or quarters thereof, or 2× 2 cm2 square pieces. The substrates had differ-
ent degrees of miscut between 0.5◦ and 2◦, were n-type (doped with As or P), and had
usually had a high resistivity between 1 and 20 Ωcm, which corresponds to a dopant
concentration of n ∼ 1015 cm−3. These minor differences between the substrate batches
were not found to have an effect on the nanowire morphology.
The formation of the necessary SiOx layer turned out to be somewhat more critical.
Initial experiments with as-delivered native oxide as well as chemically prepared ox-
ide (using H2SO4:H2O2, see Sec. A.2) had not resulted in nanowire growth. Successful
growth was achieved, when the Si substrates were first chemically cleaned by the HF
or the NH4F-procedure and then stored in flow-box air in order to form a native SiOx
thin film, which grows in a self-limited fashion up to a thickness of around 1.5 nm.100
While the oxidation of H-terminated Si in air begins within minutes, the growth rate is
very slow and the equilibrium thickness is reached only after several days under ambient
conditions.101 When the samples had been in air for two weeks or longer, we found our
nanowire growth experiments to be most reproducible.
It was found later that the oxidation time can be drastically reduced to a few hours by
the storage of the substrates in deionized water, stirring and mild heating to 80◦C, since
the rate-limiting step for the oxidation of H-terminated Si is the exchange of Si-H for Si-
OH under the influence of (ambient) water.102 In this alternative process, the complete
coverage with native oxide can easily be checked by the hydrophilicity of the surface.
The samples presented hereafter had their native oxide prepared in air.
Figure 3.10 presents an AFM micrograph of an NH4F-cleaned Si(111) substrate after
formation of the native oxide. While atomic terraces are still discernible, the step edges
appear blurred due to the formation of amorphous native SiOx. When the Si substrates
had initially been cleaned using HF, no terraces were present but no effect on the growth
was found. Several SiOx covered Si(111) substrates were prepared in one run and then
stored in the flow-box.
For the growth of self-assisted nanowires, a Si(111) substrate with the native SiOx film
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Figure 3.10.: Si(111) with native oxide AFM micrograph of Si(111) (cleaned by NH4F pro-
cedure) after native oxide formed in air. The Si(111) terraces below the native
oxide are still discernible.
was loaded and degassed as described above. Central experiments were performed in
both growth chambers of M6, between which the BEP readings that correspond to a spe-
cific atomic flux differed. For an easy comparison with the Au-assisted mechanism, the
values for the Au-chamber are given in the following.
Reports on MBE growth conditions for obtaining self-assisted GaAs nanowires differ
from those used for the Au-assisted mechanism in the requirement of higher growth tem-
peratures (TS between 580 and 630◦C) and comparably low As fluxes.97,99 Here, an exem-
plary growth run with a substrate temperature of 580◦C and As and Ga fluxes identical to
those used for the Au-assisted experiments (JAs/JGa = 2) is described. Initially, the ’Au’
chamber of M6 was used for the self-assisted nanowire growth experiments. Variation of
the growth conditions will be presented later. The As valve was opened before growth to
establish a stable As4 supply equivalent to JAs = 5 nm−2s−1 and a BEP of 1.2× 10−5 torr.
Opening of the Ga shutter initiated GaAs growth, the exemplary sample discussed below
was grown for 30 min. The Ga supply flux was JGa = 2.5 nm−2s−1, such that JAs/JGa = 2
and that the equivalent Ga-limited planar growth rate was vGa = 400 nm/h. The sample
was rotated continuously except for interruptions for obtaining RHEED patterns. After
closing of the Ga shutter, the substrate temperature was ramped down to TS = 20◦C with
10 K/min and the As supply flux was switched off immediately. Following unloading
and cleaving, the sample was characterised.
Figure 3.11 presents micrographs of self-assisted GaAs nanowires grown on Si(111).
An overview SEM micrograph of the exemplary sample (3.11a), which was grown under
identical nominal fluxes as for the Au-assisted case, proves successful nanowire growth.
Most GaAs nanowires are vertical and have length of 5.0± 0.3 µm. There is no tapering
at the nanowire top, and the average nanowire diameter is 60 nm, although some nano-
wires are slightly wider at their base. Few nanowires show no droplet at their tip and
are considerably shorter than the average. Between the bottom ends of the nanowires,
parasitic islands and tilted structures are found.
A magnification of the nanowire tip region is depicted in Figure 3.6b. The liquid Ga
droplets with spherical segment shape are clearly visible. The droplet diameter (80 nm on
average) is larger than that of the nanowires, resulting in a droplet-nanowire contact an-
gle β ' 120◦. In order to establish the chemical nature of the droplet, figure 3.6c presents
energy dispersive X-ray (EDX) maps of the top region of self-assisted nanowires. The
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Figure 3.11.: Micrographs of self-assisted GaAs nanowires grown on Si(111) The SEM
micrographs present side views of the nanowires and show (a) nanowires
with large aspect ratio and vertical alignment, (b) a magnification of the
droplets at the nanowire tips, and (c) EDX maps (measured by J. Lähne-
mann), which indicate the high Ga and low As content in the droplets.
secondary electron (SE) image depicts the imaged morphology. The Ga signal dominates
at the droplet positions, while there appears to be very little or no As content. The Au
signal was below detection level (1%) as expected. These measurements prove that the
droplets consist mainly of Ga.
a b
<110> <112>
Figure 3.12.: RHEED patterns obtained during self-assisted growth of GaAs nanowire
on Si(111) When the beam was incident in substrate azimuths (a) 〈11¯0〉 and
(b) 〈112¯〉, the characteristic transmission patterns of Zincblende GaAs with
rotational twin defects are observed.
The nanowires are epitaxially aligned to the substrate - the hexagonal [0001], 〈112¯0〉,
and 〈101¯0〉 directions are co-aligned with cubic [111], 〈11¯0〉, and 〈112¯〉 direction, respec-
tively - as indicated by the appearance of distinct RHEED transmission reflections in the
high-symmetry substrate azimuths (Fig. 3.12). The pattern obtained in the 〈11¯0〉 substrate
azimuth indicates that the nanowires predominantly adopted the ZB crystal structure
and contain rotational twins with the twin axis along the [111] growth direction.
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3.2.2. Optimised Conditions for Reduced Parasitic Growth
In order to study the influence of the growth parameters on the morphology of the nano-
wires and the parasitic islands, series of experiments were performed under variation of
one growth parameter and the morphology of the samples was analysed by SEM.
Effect of the V/III Ratio
Studies of self-assisted GaAs nanowire diameters and lengths as well as their axial and
radial growth rates as functions of either the As or the Ga flux have been reported in the
literature,97,99 and our own results are already contained in the master thesis (Diplomar-
beit) of Maria Hilse.103 All three studies demonstrate a linear increase in the axial nano-
wire growth rate with the As flux. This indicates that the self-assisted GaAs nanowire
growth rate is limited by the As supply, which is the opposite to the case of planar GaAs
layer growth. For GaAs layers, the formation of Ga droplets is strictly avoided, therefore
conditions are always As-rich and the growth rate is limited by the Ga supply,22 see also
section A.1. The process of As-limitation during VLS nanowire growth was described in
detail by Harmand and Glas, who demonstrated that the droplet is substantially depleted
from group V material after nucleation and growth of each new monolayer.60,104
Figure 3.13.: SEM images of nanowires grown under different V/III flux ratios. Series
of self-assisted GaAs growth experiments on SiOx/Si(111) under identical
Ga flux but different As fluxes, corresponding to V/III flux ratios of (a, e)
0.5, (b, f) 1, (c, g) 1.5, and (d, h) 2. The nanowires are imaged in sideview (a-
d, electron beam incidence normal to nanowire axis) as well as in topview
(e-h, incidence approximately along nanowire axis). All scale bars are 1 µm.
Note the different scale for the sideview micrographs. Sessile Ga droplets
are indicated by stars.
Thus, the influence which growth conditions have on the shape of the nanowires has al-
ready been studied in some detail. However, little information is available about the con-
ditions for an optimal overall morphology, which means a reduction of parasitic growth.
M. Hilse studied top-view SEM images of nanowires grown under constant As flux and
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different Ga fluxes.103 She found that the fraction of surface area covered by nanowires
over surface area covered by parasitic islands is maximal for JAs/JGa =0.5 but concluded
that the nanowire morphology is best at JAs/JGa =1, where no tapering was observed.
Here, we present the complementary growth study under constant Ga flux and differ-
ent As fluxes. The focus is set on the parameters under which parasitic island growth is
reduced and the material fraction growing as nanowires is maximized.
A series of samples was grown in the ’Au’ chamber of M6 under variation of the As
flux. While an identical JGa of 2.5 nm−2s−1 was used for each nanowire growth exper-
iment, different values of 1.2, 2.5, 3.7, 5 nm−2s−1 were used for JAs, resulting in V/III
flux ratios JAs/JGa of 0.5, 1, 1.5, and 2, respectively. Otherwise, the growth conditions
were identical to those described in the last section. In particular, the planar growth rate
equivalent to the Ga flux was v0 = 400 nm/h, the growth duration was 30 min, and the
substrate temperature was TS = 580◦C. Nanowires grew under all conditions. In some
cases, the nanowire density was low in irregular regions around the centre and the very
edge of the sample. This behaviour appears to be caused by an inhomogeneous SiOx
thickness. In the following all micrographs were prepared from areas 5 mm from the
sample edge.
SEM micrographs of the As flux series samples are presented in Figure 3.13. From the
micrographs, a decreasing number density and an increasing nanowire length with in-
creasing As flux are apparent. The latter trend demonstrates that the self-assisted VLS
mechanism is As-limited. The topview micrographs allow to distinguish between nano-
wires (white or light grey), parasitic growth of islands (middle grey, sharp edges) and
sessile Ga droplets (middle grey, round edges), as well as uncovered SiOx/Si(111) sub-
strate (black). Remarkably, under each condition studied, a substantial fraction bS of
the substrate remains uncovered and vertical nanowires without contact to any parasitic
GaAs can be found. Both observations are in strong contrast to the case of Au-assisted
nanowire growth, for which a thick continuous GaAs layer is generally found, compare
with Fig. 3.6c.
Figure 3.14.: Magnified top view SEM images of samples grown under (a) Ga-rich and
(b) As-rich conditions. Identical Ga fluxes but different As fluxes were used,
corresponding to V/III flux ratios of (a) 0.5, and (b) 2. Sessile Ga droplets are
indicated by stars.
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In order to visualize the morphology of parasitic growth, Figures 3.14a and b present
magnifications of two top view micrographs (from Fig. 3.13e and h). In Figure 3.14a, is-
lands with sharp edges and sessile Ga droplets with round edges can be distinguished
between the nanowires, which are hidden under their top Ga droplets. Some oblique
nanowires are also found, and generally do not show any droplet at their tip. The for-
mation of sessile Ga droplets is expected for Ga-rich growth conditions, since desorption
of excess Ga is very low. In Figure 3.14b, no sessile Ga droplets can be observed and the
parasitic islands all have {11¯0} oriented edges, which demonstrates their epitaxial align-
ment with the substrate. In addition, two free-standing nanowires are depicted, of which
only the bottom part is in focus, due to their length of several µm, while their top part
and droplet is blurred. The hexagonal cross section and {11¯0} sidewalls of the nanowire
are visible.
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Figure 3.15.: SEM Analysis of As-Flux Series. Plots of average length l, area density
σ, diameter d, and equivalent layer thickness zNWeq for nanowires as well as
for parasitic GaAs zPeq as a function of the As Flux. The boundary between
globally As-rich (JAs/JGa > 1) and globally Ga-rich (JAs/JGa < 1) conditions
is indicated by a dotted line.
A detailed analysis of the dimensions of nanowires and parasitic islands was per-
formed for the samples of the As flux series. The average nanowire length l, nanowire
diameter d, and island height h were obtained from sideview SEM micrographs. Com-
plementary topview micrographs were used to determine the nanowire area density σ
as well as the surface fraction bP covered by parasitic growth (islands and sessile Ga
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droplets). Error values for l and d show the standard deviation for an ensemble of at
least 10 measured nanowires, while the values for h and bP estimate systematic errors.
Figure 3.15a depicts the nanowire length l as a function of the As-Flux. The increas-
ing trend clearly demonstrates that growth is As-limited, in accordance with earlier re-
ports.97,99 Even under globally As-rich conditions, Ga droplets can form and assist in VLS
nanowire growth, which is locally Ga-rich. The nanowire area density σ is presented in
Figure 3.15b. At stoichiometry (JAs =JGa), σ takes a maximum value of 9 µm 2. For more
As-rich conditions, σ drops and we conclude that the initial formation of Ga droplets is
limited by a shortage in Ga supply. However, fewer nanowires are also found for more
Ga-rich conditions, for which the excess Ga is taken up into sessile Ga droplets. As plot-
ted in Figure 3.15c, the nanowire diameter d monotonically decreases with increasing As
flux. This could be caused by the smaller amount of Ga available for droplet formation
and possibly also by a reduced diffusion length of Ga.
In order to compare the total GaAs volume in the nanowires with that in the parasitic
islands and sessile Ga droplets, the volume per sample area or equivalent layer thick-
ness zeq were quantified. From the values of l, d, and σ, the equivalent layer thickness
for the nanowires, which were approximated as circular cylinders, was estimated using
zNWeq =
pi
2 d
2lσ. The equivalent layer thickness of parasitic growth was estimated using
zPeq = hbP. Figure 3.15c shows plots of both quantities, and estimations of measurement
errors, which are particularly significant for parasitic growth. The total incident amount
of Ga, which corresponds to that present in a 200-nm-thick GaAs layer, is indicated by a
horizontal dashed line. Under stoichiometric conditions, the volume in the GaAs nano-
wires is maximal while the volume in the parasitic structures is minimal: about 3/5 of
the incident Ga (and As) form GaAs nanowires and only 2/5 remain for parasitic growth.
Why stoichiometric conditions are ideal for a maximum yield in self-assisted nano-
wires can be understood in the following way. For As-rich conditions (JAs/JGa > 1),
only relatively few nanowires can grow by the VLS mechanism since the initial forma-
tion of Ga droplets is limited by a shortage in Ga supply. Instead, most of the incident
Ga is taken up by the VS growth of parasitic islands. The parasitic volume zPeq therefore
increases with increasing JAs. Excess As simply desorbs. Besides, although the growth
conditions are overall As-rich, the axial nanowire growth rate (where a Ga droplet has
formed) is limited by the As supply as indicated by the scaling of nanowire length with
JAs. As-limitation was also found for Au-assisted VLS growth by Harmand et al.104 It in-
dicates that a significant barrier exists for the incorporation of As into the liquid droplet.
For Ga-rich conditions (JAs/JGa < 1), many Ga droplets are initially created on the SiOx
surface, but they compete for As, which is in short supply. Those Ga droplets, which are
fed with sufficient As start to form GaAs nanowires by the VLS mechanism. The remain-
ing Ga droplets turn into sessile droplets: they rest at the substrate surface and grow
larger by more Ga incorporation. With decreasing JAs, the Ga excess increases and the
volume in parasitic sessile droplets increases. Therefore, the uncovered substrate area
and the nanowire area density σ are maximal for stoichiometric conditions (JAs/JGa = 1).
In this case, VLS growth is neither hampered by a supply shortage in As nor in Ga.
Effect of Reduced Growth Rates
Experiments with reduced supply rates typically reduce kinetic effects, since arriving
atoms have longer diffusion lengths. Therefore it is studied, whether such a proportional
reduction in both Ga and As can reduce parasitic growth further.
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For all samples of this series, a JAs/JGa = 1 was employed, which in the last section
was identified to yield minimal parasitic growth, and JGa and JAs were reduced in par-
allel. Samples were grown under reduced JAs and JGa but with proportionally increased
growth times, such that identical amounts of material were supplied for each sample.
A common Ga flux of J0 =JGa = 2.5 s−1nm−2 had been used for all experiments pre-
sented in this section up to here as well as in the previous sections (self-assisted as well
as Au-assisted growth), which is equivalent to a (Ga-limited) planar layer growth rate
v0 = 400 nm/h. Additional self-assisted nanowire growth runs were performed with JGa
=JAs of J0/2 and J0/2, corresponding to planar growth rates of 200 nm/h and 100 nm/h,
while the original growth duration t0 of 30 min was increased to 1 h and 2 h, respectively.
Figure 3.16.: SEM images of nanowires grown under different growth rates Series of
self-assisted GaAs nanowire growth experiments on SiOx/Si(111) under
identical Ga and As fluxes (JAs/JGa = 1), grown (a, d) for t0 = 1/2 hour
with JAs =JGa =J0 = 2.5 s−1nm−2, (b, e) for 1 hour with J0/2, and (c, f) for 2
hours with J0/4. The nanowires are imaged in side view (a-c) as well as in
top view (d-f).
SEM micrographs of the samples are presented in Figure 3.16. From a comparison of
the top view micrographs, it immediately becomes clear that the amount of nanowire
and parasitic growth is substantially reduced for lower supply rates (and longer growth
times). As JGa and JAs decrease, so does the nanowire density, and the nanowire length
is somewhat reduced. For the J0/4 sample (Fig. 3.16f), it appears that only a fraction
of the supplied material has remained on the surface, indicating substantial desorption
of both Ga and As2 at the growth temperature of 580◦C. This, however is not surprising,
considering that the sticking coefficient of Ga on SiO2 has been shown to steadily decrease
for temperatures T ≥ 565◦C, which can be used for selective area growth.105 At the same
time, the shape of the islands in Fig. 3.16f strongly suggests that each island was formed
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by in-plane VLS growth, i.e. under assistance of the Ga droplet, which remains in contact
with the substrate and the island. This variety of the VLS growth mechanism is described
in more detail in Section 4.2.
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Figure 3.17.: SEM Analysis of Growth Rate Series. Plots of average length l, area density
σ, diameter d, and equivalent layer thickness zNWeq for nanowires as well as
for parasitic GaAs zPeq as a function of the incident supply fluxes. The growth
time t was adjusted to arrive at identical incident total amount of material
for all samples. The growth time t for each sample can be read off at two top
axes. The reference values for flux J0 and growth time t0 are indicated by the
vertical dotted lines.
The geometries of nanowires and islands were analysed and central parameters are
plotted as a function of the two source fluxes JAs =JGa in Figure 3.17, which demonstrates
that l decreases somewhat with reduced supply fluxes (Plot 3.17a), in accordance with
increased material desorption at longer mean free paths. A similar decreasing trend is
found for the nanowire area density σ (Plot 3.17b). This also indicates that most pin-
holes in the SiOx are formed after the Ga shutter is opened, since otherwise their density
should not depend on the Ga flux and σ should be constant. Apparently, pin holes form
directly under a Ga droplet by a chemical reaction with the SiOx (Sec. 2.2.2). The fact that
not all SiOx is reduced by Ga in this way can again be explained by the high mobility of
single Ga atoms: only larger Ga droplets move slow enough (and may even be pinned)
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to allow sufficient interaction time for hole formation to start. Therefore hole-formation
only happens at the beginning of growth, since soon an equilibrium number of larger
Ga droplets has formed within reach of all incident Ga atoms. Then, the probability for
adsorption of incident Ga atoms to preformed Ga droplets is much higher than that for
the creation of a Ga droplet at a new position.
In Figure 3.17c the nanowire diameter d is plotted versus source flux and there is no
clear trend. An increase in d might originate from a larger Ga diffusion length, while a
decrease in d might be caused by a larger Ga desorption rate. The value of the equiva-
lent layer thickness of nanowires and parasitic growth are plotted in Figure 3.17d. The
sum of both contributions is added in order to show the effect of desorption. While
at J0 = 2.5 s−1nm−2, the sum equals the incident total thickness with good accuracy,
there is clearly less material grown than what was incident for the lower flux samples.
At 0.6 s−1nm−2, about 3/4 of the supplied material desorbs. This has a positive effect,
namely that the amount of parasitic growth has much diminished and makes up only
1/4 of the GaAs present on the surface. The nanowire yield is thus significantly increased
when very slow growth rates are used.
3.2.3. Structural Properties of Self-assisted GaAs nanowires on Si(111)
The overall crystal structure of samples of self-assisted GaAs nanowires grown on Si(111)
was analysed by XRD and the microstructure by HRTEM.
X-Ray Diffraction
Since the self-assisted GaAs nanowires were under all analysed conditions found to
adopt the ZB crystal structure in RHEED, a simple distinction between nanowires and
parasitic growth on the basis of different lattice spacings (as for the Au-assisted nano-
wires with WZ structure) is not possible. However, it was shown in the last section that
under optimized growth conditions (JAs/JGa = 1, low v), the overall nanowire volume is
larger than that of the parasitic islands. Therefore, the contribution of the nanowires is
expected to dominate in the XRD intensity.
A sample of self-assisted GaAs nanowires grown under JAs/JGa ≈ 1, JGa = J0/4 ⇔
v = 100 nm/h for tG = 1 h was analysed by XRD. Its morphology is presented in Fig-
ure 3.18a and shows nanowires and parasitic islands. Close to the substrate interface, the
nanowires are tapered and show characteristic pedestals. This sample was grown in the
’III-V’ chamber of M6, after the self-assisted growth process had been transferred to it
from the ’Au’ chamber, where all earlier presented growth experiments were performed.
The structural quality of this sample of self-assisted GaAs nanowires was analysed
using the in-house XRD diffractometer equipped with an analyser crystal for increased
angular resolution. Figure 3.18b presents a symmetric ω2θ-scan for the determination
of the out-of-plane lattice parameters. The most intense peak at 14.22◦ corresponds to
the Si(111) substrate reflection (dSi(111) = 0.313560 nm). The FWHM of the Si(111) peak
equals 0.007◦ as determined before (Fig. 3.7). The shoulder on the lower angle side of
the Si reflection indicates that a fraction of the material has a larger lattice constant. In
conjunction with the HRTEM results presented in the next section, we can conclude that
this is caused by an intermixing of Si with GaAs in the interface region.
The second peak at 13.66◦ indicates a lattice spacing of 0.3266 nm, which corresponds
to relaxed GaAs(111) planes in the ZB structure (dGaAs(111) = 0.32641 nm). The main
contribution to this peak is attributed to the GaAs nanowires in accordance with their
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Figure 3.18.: SEM and XRD of Self-assisted GaAs Nanowires on Si(111). (a) SEM mi-
crograph of analysed sample in 45◦ view. (b) Symmetric XRD ω2θ Scan,
indicating that only a small fraction of the GaAs is present in the WZ crystal
structure (measurement performed by B. Jenichen).
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higher volume. Nevertheless, a minor contribution is expected to arise from unstrained
parasitic GaAs islands. The FWHM of the GaAs(111) peak is 0.02◦, which lies between
the values obtained for nanowires and for parasitic planar growth using Au-assisted VLS
(0.01◦ and 0.04◦ respectively, see Fig. 3.7). At the WZ position of 13.56◦, only a shoulder
is present, whose intensity is more than two orders of magnitude lower than that at the
peak. This indicates that only a small GaAs volume fraction has adopted the WZ crystal
structure.
Transmission Electron Miscroscopy
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Figure 3.19.: Microstructure of Self-assisted GaAs Nanowire on Si(111) TEM micro-
graphs show (a) HR-TEM micrograph of interface region, (b) TEM micro-
graph of nanowire top region and droplets, and (c) HR-TEM magnification
of twin planes (TP), stacking faults and side facets. (Images taken by A.
Trampert.)
Complementary to the integral determination of lattice parameters by XRD, the mic-
rostructure of self-assisted GaAs nanowires on Si(111) was analysed by TEM. Figure 3.19
presents TEM images of the sample grown under JGa =J0 and JAs/JGa = 0.5, whose mor-
phology was already presented in Figures 3.13a,e and 3.14a.
A composite bright-field HR-TEM micrograph (Figure 3.19a) depicts the nanowire base
(diameter 125 nm) and the GaAs-Si interface region. The lattice contrast demonstrates
that the GaAs nanowire base region entirely adopted the ZB structure, interrupted only
by a few planar defects which were found at a distance of 10-25 nm from the interface.
For all nanowires of this sample, the ZB crystal structure was found to extend up to
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their top end. A TEM micrograph of the top 300-400 nm of two nanowires (Figure 3.19b)
demonstrates phase purity in that region by the absence of any planar defects, which
would show as contrast lines perpendicular to the growth direction. The observed planar
defects, i.e. stacking faults or twin planes, which are found close to the nanowire base
(Figure 3.19a), appear in conjunction with faceted portions of the side wall to the right.
Figure 3.19c presents a magnification of the planar defects and the side wall. The planar
defects in this region consist of several rotational twin planes (TP, indicated by arrows)
and additional stacking faults. In contrast to the Au-assisted nanowires, no extended
defects are induced from neighbouring and coalescing GaAs structures, since the self-
assisted nanowires grow isolated and have no crystalline interfaces other than to the
substrate.
An additional sample of self-assisted nanowires, which was grown in the ’III-V’ cham-
ber of M6 under JAs/JGa ≈ 1, JGa = J0/4 ⇔ v = 100 nm/h, and a short growth time of
tG = 300 s, was analysed by TEM. The morphology of the sample shows very large Ga
droplets (diameters up to 300 nm) and, as a result, very thick and also short nanowires
(see Fig. 4.10).
Figure 3.20a depicts a high-resolution micrograph of the interface region between the
GaAs nanowire and the Si substrate. The GaAs nanowire base contains a WZ section
at a distance between 8 and 25 nm from the interface and some isolated planar stacking
faults above. Since the WZ structure is equivalent to stacking ZB with the maximum
number of twin planes, WZ stacking can be thought of as an extreme case of twin plane
formation, as observed before in Fig. 3.19. At the interface, strain is accommodated by
misfit dislocations.
The second micrograph recorded with 90◦ rotated electron incidence (Figure 3.20b)
demonstrates that the interface is significantly rougher than the free Si surface and that
the native oxide has been removed. The observed interface roughness appears to be
associated with the intermixing of GaAs and Si found by XRD before (Fig. 3.18). These
effects are most likely caused by meltback etching, i.e. the formation of a liquid Si-Ga
alloy, which partially consumes part the substrate,106 and subsequent GaAs growth. The
removal of the native oxide is very probably caused by the same reaction with liquid Ga
that is employed for Ga-polishing (see Sec. A.2).
Figure 3.21 presents two TEM micrographs recorded with the sample tilted by 20◦
around the [11¯0] axis out of the [112¯] zone axis. A bright-field TEM micrograph (a) shows
an amorphous Ga droplet (with a crystalline inclusion), a very short GaAs nanowire and
the Si substrate. At the interface between nanowire and substrate, a Moiré pattern can
be seen, which arises from the overlapping Si and GaAs lattices as well as misfit disloca-
tions. Figure 3.21b shows a corresponding weak-beam dark-field TEM micrograph using
the 220 reflection. Under these imaging conditions, the interface contrast arises only from
misfit dislocations. At the interface a network of misfit dislocations is visible, whose dis-
tance is approximately 5 nm. By way of these dislocations, misfit strain is relaxed almost
completely, as was found by analysis of the corresponding TEM diffraction patterns (not
shown). The crystal structure in this and similar samples with different growth times
were further analysed by Synchrotron XRD performed by our cooperating group at the
University of Siegen and published in a joint article:107 In all samples, the overall struc-
ture is ZB but segments with the WZ structure were always found, most of them close to
the interface. The lattice parameters were determined for the ZB and the WZ segments
and are both in good agreement with the fully relaxed values (see Section 2.3).
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Figure 3.20.: Bright-field HR-TEM images of GaAs-Si interface region. Micrographs
with the electron beam incidence (a) along the 〈11¯0〉 zone axis provides ZB-
WZ contrast, and (b) along the 〈112¯〉 zone axis indicates interface roughness.
(Images taken by A. Trampert.)
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Figure 3.21.: TEM micrograph of very short self-assisted GaAs nanowire. The top Ga
droplet is unusually large and was deformed during sample preparation.
Bright-field image (a) shows overlapping lattices at the GaAs-Si interface,
and weak-beam dark-field image (b) depicts a network of misfit dislocations.
(Images taken by A. Trampert.)
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3.2.4. Summary of Self-assisted Growth Experiments
Au-free growth of GaAs nanowires was achieved on Si(111) substrates that were covered
with a thin layer of native SiOx. Successful growth was first achieved in the ’Au’ chamber
and then transferred to the ’III-V’ chamber of M6. Ga droplets form during the first
instances of growth and were identified at the nanowire tips after growth completion.
These observations demonstrate that self-assisted growth follows the VLS mechanism,
with the Ga droplets functioning as assistant particles and material collectors. It was
understood that the SiOx functions as a mask, similar to selective area growth, which can
be opened by liquid Ga droplets.
The nanowires grow epitaxially aligned with the Si(111) substrates in the [111] direc-
tion. The nanowire diameters were between 50 and 100 nm in good correspondence
with the Ga droplet diameters. Between the nanowires, parasitic islands and sessile Ga
droplets were found. Their volume fraction could be significantly reduced to 1/4 of the
grown material when stoichiometric Ga and As supply and a low growth rate were used.
The crystal structure of the self-assisted nanowires was examined by RHEED, XRD
and TEM. The nanowires were found to be predominantly ZB, include planar twin de-
fects and a small fraction of WZ segments. A Synchrotron-XRD study with high spatial
resolution showed that WZ signal arises from the base of the nanowires, close to the sub-
strate interface. By HR-TEM, either twin planes or WZ stacking was found close to but
not right at the interface. A roughening of the GaAs-Si interface as a result of interface
reactions was found at the base of large-diameter nanowires.
3.3. Comparison of Au- and Self-assisted Growth Results
GaAs nanowires were successfully grown by the Au-assisted as well as the self-assisted
VLS mechanism. The morphology of both nanowire types is generally similar: they grow
in the [111] direction and have large aspect ratios, with typical diameters between 20 and
100 nm and lengths exceeding several µm. Although the GaAs nanowires were grown
on Si(111) substrates, which involves 4% lattice mismatch, they were found to be free of
strain by XRD measurements. This result was independent of the droplet material and is
in accordance with the Principle of St. Venant (Sect. 2.2.1).
The amount of parasitic growth is substantial in the Au-assisted case, such that it com-
pletely covers the base between the nanowires. We will see in Chapter 4 that parasitic
growth for Au-assisted GaAs nanowires on Si(111) is a result of the interface energies of
the Au droplets on Si and on GaAs. This necessarily leads to the formation of a planar
GaAs layer, which is very defective as known for planar GaAs on Si. In contrast, when
Ga droplets were used, we were able to reduce parasitic growth to 1/4 of the total.
Under all growth conditions studied, the predominant crystal structure was WZ for
the Au-assisted and ZB for the self-assisted case. Different surface energies of the Au and
the Ga droplets might cause this behaviour and will be analysed in detail in Chapter 5.
Finally, some assistant material can remain at the substrate surface in both cases. Au
clusters as well as sessile Ga droplets and interface roughening were observed. Therefore,
incorporation of each assistant material into the substrate must be considered. While Ga
is an intrinsic component of GaAs and a relatively harmless shallow acceptor in Si, Au
atoms acts as deep traps in Si and as deep non-radiative recombination centres when in-
corporated into GaAs. The incorporation of the assistant material Au into the nanowires
is studied in Chapter 6.
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4. Nucleation of GaAs Nanowires
The nucleation of GaAs nanowires was studied in detail for both growth mechanisms.
The focus was set on the morphological developments on the surface, which is important
for nanowire shape, their positioning and separation.
While only little experimental data is published about the early stages of VLS nanowire
growth, more information can be found in theoretical works that focus on the under-
standing of the VLS growth dynamics in detail. Glas et al. presented a TEM image of a
very short GaAs nanowire on GaAs(111)B, which depicts a columnar nanowire with WZ
structure on top of a pyramidal base with ZB structure.67 The crystal structure change
was explained by increase in droplet supersaturation that favours WZ (see Chapter 5
for details). Similar tapered bases have also been found for VLS-grown Si nanowires
and were explained by an increase of the droplet contact angle during the initial growth,
which leads to a diameter decrease and thus the formation of a nanowire on a wide
base.108 Recently, Schwarz and Tersoff have modelled the dynamical evolution of the
nanowire shape basing on surface and interface energy minimization.109,110 Their model
predicts that different conditions can lead to straight vertical nanowires, or lateral growth
of a trace, where the droplet crawls along the surface. An external perturbation can cause
the nanowire to kink into a different direction.
First, the nucleation of Au-assisted GaAs nanowires on GaAs(111)B as well as on
Si(111) is presented in Section 4.1. Then, the case for self-assisted nanowires grown on
Si(111) follows in Section 4.2. Finally, the nucleation by both methods is compared in
Section 4.3.
4.1. Au-assisted Nanowire Nucleation
The nucleation of GaAs nanowires grown by the Au-assisted VLS mechanism had not
been analysed in detail before our work. Here we present a comparative study of the
nucleation on GaAs(111)B as well as on Si(111) substrates.111 It shows that the nucleation
phase is very different on the two substrates, while eventually nanowires with very sim-
ilar morphology grow. In the following section, a more detailed understanding of the
observed delayed nucleation on Si(111) will be presented.112
4.1.1. Nucleation Series on GaAs(111)B and Si(111)
For a high level of nanowire growth control, it is important to understand the effects
imposed by the substrate on nanowire shape and crystal structure. These substrate ef-
fects are strongest during nucleation. Judging by the knowledge of planar growth, strong
differences between homoepitaxial and heteroepitaxial growth can be expected. For ex-
ample, the crystal quality of planar GaAs layers on Si substrates still has not reached
the level achieved by homoepitaxial GaAs, despite decades of intense research.26 For
nanowires, in contrast, the effect of the substrate is expected to be much smaller, since
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residual strain, which accumulates in heteroepitaxial planar layers, can laterally relax in
nanowires at the free sidewalls (see Sec. 2.2.1).
Experimental
Samples of GaAs nanowires were grown on GaAs(111)B and Si(111) substrates in the ’Au-
chamber’ of M6. Homoepitaxial GaAs nanowire nucleation was studied on quartered
two-inch, semi-insulating GaAs(111)B substrates. Substrate and Au droplet preparation
were as described in Section 3.1.1. For nanowire growth, the substrate temperature was
set to 500◦C and a V/III flux ratio JAs/JGa =2 was used. The Ga flux was set to match
a planar GaAs(111)B growth rate of 0.11 nm/s. The substrates were not rotated during
growth, in order to permit the detailed RHEED analysis. The process was identical in all
but growth time to that described in the last chapter (see also Figure 3.3).
Heteroepitaxial nucleation was studied on quartered two-inch, n-type, Si(111) ±0.5◦
substrates. The Si substrate surface had been prepared by Ga-polishing (Sec. A.2). Fur-
ther processing steps and the GaAs growth parameters were identical to the homoepitax-
ial case. These conditions were also identical in all but growth time to those applied for
the exemplary sample shown in the last chapter (see also Figure 3.6).
Morphology
For ex-situ analysis of the surface morphology by SEM, series of growth experiments
with different GaAs growth durations were prepared under otherwise identical condi-
tions on both substrates. SEM images recorded under 45◦ sample inclination are depicted
in Fig. 4.1. They show that the nucleation of nanowires on both substrates leads to an ini-
tially very different surface morphology, but eventually, rather similar nanowires grow.
On GaAs(111)B, after 5 s (Fig. 4.1a), 3-D structures are visible that exhibit an aspect ratio
of about one. These are actually triangular pyramids, ca. 20 nm in diameter, and have a
Au droplet on top. After 60 s (b), there are fully formed nanowires with vertical sidewalls
which rest on much larger basal pyramids, whose diameter typically exceeds 200 nm.
After 150 s (c), the nanowires as well as the basal pyramids have increased in height. The
alignment of a nanowire and its corresponding basal pyramid is not concentric, but offset
to one side, which is caused by growth without substrate rotation. After 1800 s (d), the
basal pyramids have coalesced to a continuous rough layer and the nanowires reach an
average length of (1.7± 0.3) µm.
On Si(111), after 5 s (Fig. 4.1e), horizontal traces with ca. 10 nm diameter and smaller
structures are visible. We emphasize that the traces are pronouncedly elongated in the
horizontal direction and thus exhibit a completely different shape than the structures
found on GaAs(111)B. After 60 s (f), the horizontal length of the traces has increased,
many elongated 3-D islands of irregular shape have appeared, the smaller structures are
not visible, and very few vertical nanowires can be observed. After 150 s (g), the islands
have coalesced to a connected network and there is a small number of vertical nanowires.
After 1800 s (h), a higher number of vertical nanowires is present and the 3-D islands have
completely covered the Si substrate.
The formation of traces was also reported for the Au-assisted nucleation of InAs nano-
wires on GaAs substrates by MOVPE.113,114 Furthermore, on SEM images of InAs/GaP
axial nanowire heterostructures in the supporting information of Dick et al., traces can
clearly be seen on the substrate.115
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GaAs
(111)B
Si(111)
5 s
a
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b c d
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e f g h
Figure 4.1.: SEM images of GaAs(111)B and Si(111) substrates after Au-assisted GaAs
growth for 5, 60, 150, and 1800 s, (a-d) on GaAs(111)B, and (e-h) on Si(111).
All images were recorded under 45◦ sample inclination and are shown with
identical magnification as indicated by the 100 nm scale bar in (a).
For a quantitative study, further SEM images were recorded and analysed using Im-
ageJ. The lengths l and diameters d of at least 30 nanowires were measured for each
sample, except for the 60 s and 150 s samples on Si for which at least 8 nanowires were
measured. The number density σ of vertical nanowires was determined using top-view
images taken at three different positions on the sample and in two magnifications each.
The average results are presented as plots versus growth time in Fig. 4.2. Error bars rep-
resent the standard deviation and linear approximations were obtained by least square
fits. For the nucleation series on Si(111), the fraction of substrate area b covered by any
shape of GaAs was determined from top-view micrographs in addition.
On GaAs(111)B substrates, there is no perfect linear fit for the nanowire lengths l. Dur-
ing the first 300 s of growth, an average axial growth rate of (0.7± 0.1) nm/s was deter-
mined as indicated in the plot, but the sample with 1800 s growth time yields (1± 0.2)
nm/s instead. This may be related to a small number of nanowires having dropped out
after some growth time and then the same amount of material would be shared by fewer
nanowires. The nanowire diameters d are initially (22 ± 8) nm and the radial growth
rate corresponds to 2 pm/s. The nanowire number densities σ are essentially constant at
(12± 2) µm−2. A slightly decreasing trend for longer growth times is observed but lies
within the margin of variation between several images. Nevertheless, this might indicate
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Figure 4.2.: Morphology analysis of Au-assisted GaAs nanowires for samples grown
on GaAs(111)B and Si(111) (a) Average nanowire length l, (b) diameter d,
and (c) number density σ, as well as (d) covered Si surface fraction b as a
function of growth time were determined by analysis of SEM images. Linear
fits to the data are shown as solid lines. Broken lines serve as guide to the eye.
the dropping out of a small number of nanowires for an unknown reason.
On Si(111) substrates, the nanowire number density σ is zero after 5 s of growth and
increases within 900 s to the same value as on GaAs(111)B. For the nanowire lengths
l on Si(111), a good linear fit is obtained for the four samples with the longest growth
times and an average axial growth rate of (1.1± 0.3) nm/s is determined, which is in
good agreement with the value on GaAs(111)B after longer growth times. However, the
variation in the nanowire lengths on Si(111) is rather large. Thus, it cannot be established
from these data whether a temporal change in the axial growth rate of individual wires
has happened on Si(111) or not. Furthermore, the intercept with the zero length axis at
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(120± 50) s is another indication for the delayed formation of nanowires. The nanowire
diameters d after 1800 s of growth on Si(111) are (15± 8) nm and the radial growth rates
on both substrates are very similar. The covered fraction b of Si(111) initially increases
while GaAs traces, islands and nanowires form on the substrate. At some time between
300 and 900 s all these structures coalesce, the Si surface is completely covered by GaAs,
and growth is effectively homoepitaxial.
The total coverage of the Si by GaAs explains the morphological similarities after
longer growth times. It also explains why the axial as well as the radial growth rates
of the nanowires are similar on both substrates. However, the nanowire diameter re-
mains different on both substrates even after long growth times, because it is directly
dependent on the size of the Au droplets, which is determined by self-organization phe-
nomena on the as-prepared substrate surface. From this point of view, it appears to be
coincidental that the final nanowire number density is the same on both substrates. We
speculate that the use of colloidal Au particles with defined size would result in the same
NW diameters on both GaAs and Si substrates (after the Si is buried by GaAs).
Crystal Structure
RHEED gives in-situ information about the crystal structure present during growth at
and near the surface. The patterns were recorded during growth on both substrates with
the incident electron beam along the [110] azimuthal direction and a selection of images
is presented in Fig. 4.3. Initially, vertical streaks indicate the presence of atomically flat
substrate surfaces, while the gradual appearance of spotty patterns shows the increasing
dominance of 3-D structures.
On GaAs(111)B, initially GaAs in the cubic zinc-blende (ZB) structure can be identi-
fied, but by 60 s growth time, GaAs in the hexagonal wurtzite (WZ) structure dominates
(Figs. 4.3b-e). On Si(111), initially the reflection patterns of ZB and its rotational twin,
then additionally WZ spots, and finally only WZ spots are observed (Figs. 4.3g-j). Thus,
in contrast to the nucleation on GaAs, on Si the rotational twin of the ZB structure forms
and the transition to the WZ structure is delayed.
Discussion
The nucleation of Au-assisted GaAs nanowires is very different on the two substrates, but
subsequent growth leads to rather similar nanowires once the nucleation stage is over. In
the following, the distinct features of the nucleation on each substrate are explained and
then the common morphology of longer nanowire growth is discussed.
On GaAs(111)B, in the very beginning GaAs grows under the Au droplets in the ZB
crystal structure and forms triangular pyramids, cf. Figs. 4.3b and 4.1a. Such pyramids
have been observed before67 and their formation was explained by a reduction of the
droplet contact angle at the beginning of growth.108 When vertical nanowires appear, the
crystal structure changes to WZ, cf. Figs. 4.3c and 4.1b. From then on, nanowire growth
continues in the WZ structure. It is important to note here that on GaAs the material
grows instantly in the vertical direction, as is expected for the VLS mechanism. As a
result, the number density of nanowires on GaAs(111)B is constant from the beginning.
In contrast, on Si(111), horizontal traces instead of vertically growing structures are ob-
served during the early stage of Au-assisted GaAs growth. During further GaAs growth,
additional islands appear. By RHEED, traces and islands were found to have the ZB
crystal structure and include rotational twins. In the following, a gradually increasing
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Figure 4.3.: RHEED images in 〈11¯0〉 azimuth of GaAs(111)B and Si(111) substrates dec-
orated with Au droplets (0 s), as well as of both substrates after Au-assisted
GaAs growth for 6, 60, 150, and 600 s. The reflections of ZB GaAs (↘), of its
rotational twin (↗), and of WZ GaAs (→) are indicated. Two reflections,
which were chosen for temporal intensity analysis, are labelled in g and h.
number of vertical nanowires appears. On Si as well as on GaAs, long vertical nanowires
have the WZ crystal structure, cf. Figs. 4.3j, 4.1h, and 3.3.
The nucleation behaviour for the Au-assisted VLS growth of GaAs homoepitaxially on
GaAs(111)B and heteroepitaxially on Si(111) is very different, although after long growth
times similar nanowires develop on both substrates. Thus, the substrate has a direct
influence on nanowire growth only during the initial nucleation stage. This phenomenon
appears to be caused by the gradual covering of Si by GaAs structures such as traces and
islands, whose eventual coalescence completely covers the Si(111) substrate. A study of
the detailed process leading to delayed nanowire growth is presented in the following
section.
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4.1.2. Delayed Nanowire Growth on Si(111)
Here, a more detailed study of the nucleation of Au-assisted GaAs nanowires on Si(111)
substrates is presented.112 It is focused on uncovering the mechanism for the delayed
nanowire formation on Si(111). The nucleation study presented in the last section is aug-
mented by a temporal analysis of RHEED patterns and detailed HR-TEM microscopy of
the three types of GaAs structures found on the surface: traces, islands and nanowires.
The apparent connection between trace growth on Si and nanowire growth on GaAs is
then explained by different interface energies of the Au droplets on these two materials
and the evolution of the VLS growth process from horizontal trace to vertical nanowire
growth is explained.
RHEED Intensity Development
a b
Figure 4.4.: RHEED progression and SEM analysis. (a) RHEED intensity progression
of the chosen reflections evidencing a gradual change from nucleation in the
zincblende to growth in the wurtzite crystal structure. (b) Plot of the percent-
age of the Si surface area covered by GaAs and the number density of nano-
wires versus growth time. Three resulting nucleation stages are indicated.
By comparison of RHEED and SEM, it was found in the last section that the vertical
nanowires grow in the wurtzite crystal structure, whereas the earlier manifestations of
GaAs, i.e. traces and islands, grow as zincblende GaAs. This difference can be used
to acquire more quantitative information about the delayed appearance of nanowires.
To this end, RHEED patterns were recorded every 200 ms during a full growth run for
900 s without rotation and the intensities of the zincblende and the wurtzite RHEED
patterns was monitored over time. One reflection for each crystal structure was chosen
for temporal intensity analysis: the wurtzite 011¯0 and zincblende 11¯1¯, cf. Fig. 4.3g, h.
Figure 4.4a shows the intensity progression of the two chosen reflections.
Prior to growth, the Si(111) reflection pattern without superstructure is observed, in
agreement with the Si(111):As (1× 1) surface expected to form in an As-containing MBE
growth chamber.116 The corresponding crystal truncation rods tail off into the regions of
the two GaAs reflections chosen for analysis (see Fig. 4.3f). Thus, at the very beginning
of growth, the progression shows non-zero intensities for both reflections. As growth
begins, the Si crystal truncation rods gradually disappear, which leads to a marginal in-
tensity decrease at the wurtzite position. Meanwhile, the zincblende intensity strongly
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increases, indicating 3-D growth of traces and islands. The zincblende intensity is at a
maximum after 20 s. From then on, the zincblende intensity decreases and the wurtzite
intensity increases, indicating the beginning of nanowire growth. However, it takes circa
500 s for the wurtzite intensity to reach this maximum. Simultaneously, the zincblende
intensity vanishes. Since more zincblende GaAs exists in the basal layer below the nano-
wires, this indicates that the RHEED beam can no longer reach the base of the nanowires
and probes their upper regions only.
In order to compare the temporal development of the crystal structure to that of the
sample morphology, the results for the nanowire area density σ and the covered Si frac-
tion b, which were obtained from the analysis of SEM micrographs (Fig. 4.2), are pre-
sented here again in Figure 4.4b.
The temporal development of the nanowire density closely resembles that of the wurtz-
ite intensity. This demonstrates that the nanowires have the WZ crystal structure, as was
already deduced earlier from the RHEED patterns. Conversely, a qualitative connection
can be made between the zincblende intensity and the existence of uncovered Si areas.
According to the development of the RHEED intensities, the growth process can be
divided into three stages: During the initial zincblende dominated period (’stage I’), from
growth start until 20 s, only traces and islands form. During the transition period (’stage
II’), from 20 s until 500 s, wurtzite nanowires gradually appear in increasing number.
During the wurtzite saturated period (’stage III’), from 500 s until the end of growth, the
wurtzite nanowires dominate and no more zincblende GaAs is detected by RHEED. The
stages I, II, and III coincide with a sample morphology dominated by none, intermediate,
and saturated nanowire density as well as low, intermediate, and full GaAs covering,
respectively.
Microstructure of Nanowires, Islands and Traces
In the following, the observed morphology of the different manifestations of GaAs as well
as their crystal structure are presented in detail. To this end, HR-TEM micrographs are
shown, which were recorded at different regions on one same sample grown on Si(111)
for 150 s (d = 17 nm) on which traces, islands and nanowires coexist. These micrographs
and local 2-D Fourier transforms are shown in Figs. 4.5-4.7.
In an overview TEM micrograph (4.5a), a typical trace is displayed in its entirety. The
total length is 70 nm. A high-resolution magnification of its frontal region is shown in
(4.5b). The crystallized Au in front of the trace is identified by the lattice spacing of
2.4 Å determined from the encircled reflections, which corresponds well to the lattice
parameter of face centred cubic Au(111) (2.36 Å).69 The Au droplet exhibits one interface
each to the Si substrate and to the GaAs trace. Moiré fringes indicate superposition of
the respective lattice with that of Au. Close to the centre of the Fourier pattern, four
additional spots can be identified of which one pair arises from the Moiré fringes of each
interface.
The GaAs trace itself has a height comparable to that of the Au. The GaAs displays
several twin planes which change the stacking sequence from the zincblende crystal
structure (ABCAB) to its twin (BACBA) and back. In the Fourier pattern, the stacking
sequence which corresponds to that of the Si substrate is indicated by full lines and its
twin by dotted lines. Both have similar intensity. The low number of atomic layers in the
GaAs trace compromises the quality of the Fourier pattern.
The Si substrate shows alloying with Au. However, since the interface with the GaAs
trace is straight it appears that the alloy formation has taken place on a time scale longer
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Figure 4.5.: Au-assisted GaAs Trace on Si(111). (a) TEM micrograph of GaAs trace with
frontal Au droplet; (b) high-resolution micrograph of the front of the same
trace showing the zincblende crystal structure with twins and the crystallized
Au droplet. Insets show 2-D Fourier transforms of front (Au), tail (ZB GaAs)
and substrate (Si) regions for their crystal structure identification. (Images
taken by A. Trampert)
than the horizontal movement of the Au. The face centred cubic crystal structure of Si is
identified by the Fourier pattern.
Figure 4.6 shows a HR-TEM micrograph of a typical island, that apparently grew with-
out a Au droplet. The GaAs grew in the twinned zincblende structure with stacking
faults and nanotwins. For this particular island, the zincblende stacking sequence corre-
sponding to that of the Si substrate has a higher occurrence. However, the twin sequence
prevailed for other islands. This indicates that on average none of the two zincblende
sequences is favoured during growth. The density of planar defects is larger close to the
Si substrate. Dislocations can be found at the interface between Si substrate and GaAs
island, leading to plastic strain relaxation.
Figure 4.7 presents a HR-TEM micrograph of a typical nanowire. All analysed nano-
wires indeed display one Au droplet located at their tip and show the wurtzite crystal
structure. Between the wurtzite GaAs nanowire and the Si substrate there is a base of
zincblende GaAs. This base structurally closely resembles traces and islands in that there
are many stacking faults. The Au droplet diameter matches the nanowire diameter, typi-
cally between 5 and 15 nm. This particular nanowire is 10 nm long, as measured over the
wurtzite segment, and the zincblende base below is 22 nm high.
The HR-TEM investigation confirms the earlier assignments in crystal structure of
wurtzite to nanowires and zincblende to traces. Furthermore, islands and the basal GaAs
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5 nm
ZB GaAs
Si
Figure 4.6.: GaAs island on Si(111). HR-TEM micrograph of typical 3-D GaAs is-
land, structurally zincblende with twins. The insets show 2-D Fourier-
transformations of selected regions for their crystal structure identification.
(Image taken by A. Trampert)
also adopt the twinned zincblende structure. Additionally it is verified, that both traces
and nanowires form by VLS growth from Au droplets.
Temperature series
In order to obtain further insight into the nucleation mechanisms a series of samples was
grown for 150 s at different substrate temperatures. Figure 4.8a shows 45◦ incidence SEM
images of the samples grown at TS = 350, 450, 550, and 600◦C.
At 350◦C the substrate was almost completely covered by GaAs that had already co-
alesced to a rough layer. Nanowires were present in between and no traces were seen.
On the sample grown at 450◦C there were fewer nanowires and some traces. GaAs co-
alescence and coverage of Si were less complete. At 550◦C even more traces and free Si
surface but less area covered by GaAs was present. Nanowires were few and short. The
sample grown at 600◦C showed the smallest covered surface fraction of the study. There
were neither nanowires nor traces.
As before, normal incidence SEM images of these samples were analysed quantita-
tively and the results are shown in Fig. 4.8b. With increasing temperature the area frac-
tion of Si covered by GaAs b exhibits an essentially decreasing trend. This reproduces
the Au-free case,117 in which a lower TS effectively suppresses the kinetics of island for-
mation by reduced Ga diffusion, and GaAs tends to grow as a closed layer. With in-
creasing TS from 350 to 525◦C, the nanowire density decreases approximately in parallel
with b. This means that the nanowire density is lower when the total GaAs coverage
is lower, similar to the growth time series discussed earlier, which provides further ev-
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Figure 4.7.: Au-assisted GaAs nanowire on Si(111). HR-TEM micrograph of wurtzite
GaAs nanowire with Au droplet at the tip and a zincblende GaAs base layer.
The insets show 2-D Fourier-transformations of selected regions for their
crystal structure identification. (Image taken by A. Trampert)
idence that nanowires form in connection with GaAs-covered areas. In the range from
500 to 550◦C an increasing number of traces could be identified while nanowires were
increasingly scarce. Possibly, trace growth is the origin of the rising slope of b in this tem-
perature range. On the sample grown at 600◦C neither nanowires nor traces are visible
which indicates that growth by the VLS mechanism did not take place. This compares
well with homoepitaxial GaAs nanowire growth on GaAs(111)B, where nanowire growth
stops above 620◦C.48
These observations show that the transition time of VLS growth from pure trace for-
mation (Stage I) to pure nanowire formation (Stage III) depends on growth temperature
and increases with temperature. For all temperatures below 600◦C nanowires grew on
GaAs, while traces grew on Si.
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Figure 4.8.: (a) SEM images in 45◦ incidence of samples grown for 150 s at various sub-
strate temperatures: at 350◦C the Si substrate was covered by GaAs and many
nanowires grew; at 450◦C GaAs had formed islands, traces on remaining Si
and nanowires on the GaAs islands; at 550◦C island growth was confined to
a smaller total area, many traces grew, and nanowires did not form; and at
600◦C only islands grew. (b) Plot of the temperature dependence of the area
covered by GaAs and the nanowire density. Both show an essentially parallel
trend with temperature.
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Interface Energies
The nucleation data show that nanowires develop gradually after a delay, which appears
to be connected with the initial formation of traces. Since both, traces and nanowires,
grow from Au droplets, one can expect that traces evolve to nanowires by some mecha-
nism. What determines the evolution of the GaAs growth in stages from traces to nano-
wires? Both trace fronts and nanowires grow from Au droplets by the VLS mechanism,
while in parallel direct epitaxial attachment first leads to the growth of trace ends to is-
lands and possibly Volmer-Weber island nuclei, then adds to the coalescence of all GaAs
structures and finally governs the growth of the basal layer between the nanowires. As
a result, initially traces grow on Si and later nanowires grow on GaAs. For an under-
standing of the VLS growth evolution, the influence of the liquid-solid interface must be
clarified.
In a nanowire, the liquid droplet exclusively adjoins GaAs and further growth adds
material to this interface (Fig. 2.1). This is different in a trace (4.9a). Here, the droplet ad-
joins GaAs as well as Si and while further growth of GaAs from the droplet adds material
homoepitaxially at the GaAs interface, the experimental data suggest that it is favourable
for the droplet to keep the Si interface area constant by lateral motion. Thus, from the
initial prevalence of traces, a smaller interface energy of Au/Si can be concluded as com-
pared to Au/GaAs, i.e.
γAu/SiLS < γ
Au/GaAs
LS . (4.1)
In order to verify this, the energies of the two competing liquid-solid interfaces are
estimated. In the present system, various experimental as well as theoretical studies
allow the calculation of the interface energies by Young’s equation
γSV = γLV cos(φ) + γLS, (4.2)
where φ is the contact angle measured inside the droplet and γSV , γLV and γLS are the
solid-vapour, liquid-vapour and liquid-solid interface energies, respectively.
To be precise, the liquid Au droplet accumulates Ga during growth and the resultant
alloy has been shown to contain up to 50% Ga (stoichiometric AuGa) in an analysis of
GaAs nanowires on the homoepitaxial substrate.47 A simple estimation of γLS can be
made using the experimental values118 for γLV (Au) = 1.14 J/m2, γLV (Ga) = 0.72 J/m2,
and interpolating to a Ga content of 50%.
The surface energy of Si(111) has been determined by cleavage experiments119 to be
γSV = 1.23 J/m2, which is considered as an upper limit, since theoretical calculations
demonstrate that the Si(111) surface energy is substantially lowered by the As-termina-
tion that arises in the As-rich growth conditions used.120,121 The contact angle of liquid
Au on Si(111) is φ = 43◦, which has been experimentally determined122 and also corre-
sponds to the angle visible by TEM (Fig. 4.5b). This yields an estimate of γAuGa/SiLS ≤ 0.55
J/m2 for stoichiometric AuGa and an even lower value ≤ 0.40 J/m2 for pure Au.
For the GaAs interface energy, we consider the calculated123 lowest energy surface un-
der As-rich conditions, which is (111)B reconstructed with As trimers and has γSV =
0.69 J/m2. The contact angle of liquid Au on GaAs nanowires as measured after growth
was reported67 to lie between 90◦ and 125◦. There are difficulties associated with the de-
termination of contact angles at nanowires due to the curvature of the underlying GaAs
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(Fig. 4.7). Thus, the interface energy of the liquid droplet on GaAs(111)B is estimated to
be γAuGa/GaAsLS ≥ 0.69 J/m2 and the same value for pure Au in accordance with Glas et
al.67
From these estimations, we conclude that the interface energy of liquid droplets is
indeed lower on Si(111) than on GaAs(111)B, which supports the trace formation mecha-
nism described above.
Evolution Model
The initial prevalence of traces has been explained by the lower droplet interface energy
on the exposed Si (stage I, Fig. 4.9a). Consideration of the increasing GaAs coverage
elucidates the origin of the further two observed nucleation stages.
Si
AuGaAs
GaAs
Au
a b c
fed
Figure 4.9.: Schematic model of trace to nanowire evolution on Si and direct nanowire
growth on GaAs. Schematic of (a) trace growth, (b) transition from trace
to nanowire growth, and (c) nanowire growth on Si, as well as (d) early, (e)
intermediate, (f) final growth of vertical nanowires on GaAs. The resulting
growth directions are indicated by arrows. The original height of the GaAs
substrate is indicated by dashed lines.
In the process of VLS trace and VS island growth, GaAs gradually covers the Si sub-
strate. Eventually, no more free Si surface is available in the neighbourhood of a par-
ticular Au droplet so that it cannot continue trace growth (Fig. 4.9b). This triggers the
turnover from horizontal trace to vertical nanowire growth, since the driving force for
lateral motion has vanished. The last Si remaining directly under the droplet is covered
either by further lateral growth of the GaAs trace front or by GaAs nucleating at the Si
interface. In both cases, the droplet is pushed upwards in the process.
From this moment on, the liquid-solid interface of the droplet is completely made up of
Au/GaAs. This interface is again the location of GaAs precipitation but there is no more
energy gain from lateral motion. Instead, the nanowire is pushed vertically upwards by
its own precipitate (Fig. 4.9c). As soon as the now horizontal Au/GaAs interface has risen
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above the neighbouring GaAs structures, vertical sidewalls can be formed and a vertical
nanowire can grow. Then, growth continues as on homoepitaxial GaAs substrates.
Due to the random positions of the Au droplets not all switch from trace to nanowire
growth simultaneously. Stage II thus consists of the transition period that starts when
the first droplet switched and ends when the last one did, i.e., until the Si is completely
covered by GaAs. From then on, nucleation is finished and nanowires grow identical to
the homoepitaxial case on GaAs substrates.
In homoepitaxial VLS growth, the nanowires grow instantly in the vertical direction.
Additional parasitic planar growth has generally been found experimentally.104 This case
is schematically presented in Figure 4.9d-f and depicts representations of (d) the initial
growth of a pyramid with tilted sidewalls, (e) the following development of vertical side-
walls, as well as (f) the continuing growth of vertical nanowire and basal pyramid by axial
VLS as well as radial VS growth.
Discussion
Our study of Au-assisted VLS nucleation of GaAs nanowires on Si substrates shows that
vertical nanowires grow effectively only on GaAs. On the initially exposed Si surface,
horizontal traces form instead and delay vertical nanowire growth until the Si substrate
is completely covered. This behaviour is effectively caused by a lower liquid-solid inter-
face energy of the Au droplets on Si than on GaAs. In other words, the degree of wetting
of Au droplets is higher on Si than on GaAs. Therefore, direct nanowire nucleation with-
out delay can be expected for the opposite case of Au-assisted Si nanowires on GaAs
substrates.
Due to the scarcity in nanowire nucleation studies, our findings can at present only
be compared with the Au-assisted VLS growth of axial heterostructures of GaAs on Si
within nanowires using MOVPE as published by Dick et al.115 Straight heterostructures
of GaAs on Si nanowires were observed, while Si segments on GaAs nanowires grew in
kinked directions. This observation was interpreted as being caused by wetting of the
Si nanowire base segment by the GaAs nanowire top-segment, without taking the Au
droplets and their interface energies into account. When this is done, a lesser wetting of
Au droplets on Si than on GaAs must be concluded, which is the exact opposite of our
own result.
Thus, it seems that the wetting situation can depend on additional parameters such as
a) the composition of the liquid droplet, b) presence and quality of ambient vapours or
surfactants that change the surface and interface energies, and c) surface roughness that
may prevent lateral movements of the Au droplets. Indeed, Dick et al. themselves expect
that the wetting behaviour may change, if the interface energies are similar, which is in
agreement with our estimations.115
4.1.3. Summary of Au-assisted Nucleation
The very early stages GaAs nanowires growth on GaAs(111)B by the Au-assisted VLS
mechanism showed that nanowires form directly the vertical [1¯1¯1¯]B direction. The num-
ber of nanowires stayed constant over the whole growth time. Additional pyramidal
bases have been found at the bottom end of the nanowires.
In the Au-assisted VLS growth of GaAs on Si(111), nanowires started to grow only
after the first ≈ 20 s (7 ML) and their number increased until ≈ 500 s. This nucleation
delay was explained by the formation of horizontal traces, which arise since the liquid
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Au droplets have a lower interface energy on Si than on GaAs. Further growth is then
dominated by GaAs islands, which grow from trace ends or possibly from Volmer-Weber
nuclei. Finally, vertical nanowires and an additional base layer grow. The latter is formed
by coalescence of all earlier GaAs structures. In brief, the Au-induced nanowires grew
only on a layer of GaAs.
The evolution model presented above explains the observed delay in GaAs nanowire
formation on Si during Au-assisted nucleation. The sequence of nucleation stages is trig-
gered by the initial formation of traces due to the lower interface energy of Au on Si than
on GaAs. It must be stressed here that trace growth implicates two main disadvantages:
loss of position control and unavoidable growth of a basal GaAs layer bridging individ-
ual nanowires.
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4.2. Self-assisted Nanowire Nucleation
It became apparent already in the last chapter (Section 3.2), that the self-assisted growth
of GaAs nanowires on Si(111) does not necessitate an intermediate GaAs layer, but in-
stead a layer of SiOx which functions as a mask for selective growth. From the depen-
dence of the nanowire density on growth conditions, it was concluded that the SiOx mask
can be opened by liquid Ga droplets. The self-assisted nanowires are well separated even
after long growth times. Even better, the remaining undesired co-growth of islands be-
tween the nanowires can be further reduced using a low deposition rate. These findings
indicate already that the self-assisted nucleation is more direct than the one under Au-
assistance. In order to further illuminate the self-assisted nucleation of GaAs nanowires
on oxide-covered Si(111), several samples were grown for short durations.
First, an example of short self-assisted GaAs nanowires is presented, which grew under
comparably large Ga droplets such that their morphology could be studied in high de-
tail by SEM. However, the Ga droplets and so the GaAs nanowires typically had smaller
diameters for most other samples. Therefore, the detailed analysis of a series of sam-
ples, which were grown under standard conditions for different durations, is presented
subsequently.
4.2.1. Short Nanowires with Large Ga Droplets
100 nm100 nm
b c
[112]
[111]
[110]
Ga Ga etched
500 nm
a
Figure 4.10.: SEM micrographs of short self-assisted GaAs nanowires in side-view
showing (a) several vertical and kinked nanowires, as well as (b) single
nanowire as grown, and (c) after selective Ga etching in HCl.
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A series of samples of GaAs nanowires was grown on SiOx/Si(111) under optimized
growth conditions for reduced parasitic growth (T = 580◦C, JGa =JAs = 0.6 s−1nm−2, see
Sect. 3.2.1.) and for short growth times. On the employed substrates, larger Ga droplets
(> 100 nm) formed than usual (< 50 nm), which made these samples ideal objects for
the study of individual nanowires. Studies of these samples by Synchrotron XRD were
performed by our collaborating group at Siegen University and led to single nanowire
resolution and two research articles.107,124
The employed substrates, n-type, arsenic-doped 2“ Si(111) wafers with 0.002-0.01Ωcm
resistivity, corresponding to n ∼ 1018 cm−3, from Silchem, showed larger Ga droplets
and thicker nanowires. As a result, the nanowire growth rates were smaller. In addition,
the Ga droplet sizes were inhomogeneously distributed on the substrates. We believe that
some particular substrate quality has a strong effect the formation of native SiOx. As pos-
sible candidates, surface roughness or doping level are suspected. Indeed, the thickness
of native silicon oxide has been found to increase with the dopant concentration.100
SEM images of a sample grown for 5 min are presented in Figure 4.10. A side view
(a) depicts GaAs nanowires grown vertically as well as some nanowires with kinks. All
present structures are connected with a Ga droplet and thus appear to have formed by
the VLS growth mode. For a few of the kinked nanowires, the Ga droplet has remained in
contact with the substrate surface, which is reminiscent to the formation of traces found
for Au-assisted VLS growth. However, the Ga droplets for other kinked nanowires are
not in contact with the substrate surface. No droplet-free growth was found on the SiOx.
A close-up of a single nanowire is shown in Figure 4.10b, where the spherical droplet
shape is visible very well and three extended side facets can be seen. From the orientation
of the substrate flat, the {11¯0} orientation of the three facets was concluded. A similar
nanowire is presented in (c) after the sample had been treated by HCl (32%, 30 min), a
selective gallium etchant. The top Ga droplet has been removed by the procedure and the
bare GaAs nanowire is visible. Prolongations of three second-next-neighbour facets have
appeared and indicate that GaAs nucleation under the droplet has begun at the edge, i.e.
at the so called triple-phase-line, TPL. These prolongations may have formed after the
end of nanowire growth under reduced As conditions. The orientation of side facets and
the site of beginning nucleation will be analysed in detail in Chapter 5.
These images show that initially all GaAs growth takes place in the VLS growth mode
and there is no VS growth on the SiOx mask. Nanowires grow either straight in the ver-
tical [111] direction or have kinks. In the latter case, the Ga droplets do not necessarily
maintain contact with the substrate, in contrast to the traces found for Au-assisted nano-
wire growth.
4.2.2. Nucleation Series
Nucleation experiments were also performed on the standard Si(111) substrates (n-type,
phosphorous-doped 2“ Si(111) wafers from SiMat) covered with SiOx, prepared identi-
cally to those presented in the last section. A series of samples was grown for different
durations in order to study the morphology and structure during the different stages of
nucleation. The growth conditions were as described above, viz. the growth temperature
was 580 ◦C, the V/III atomic flux ratio was JAs/JGa = 1 and the individual fluxes were
set to JGa =JAs = 0.6 s−1nm−2, matching a planar growth rate of 0.028 nm/s (100 nm/h).
In order not to consume any Ga droplets after the end of growth, the Ga and As shutters
were closed synchronously for all samples but one.
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Morphology and Crystal Structure
During GaAs growth, the crystal structure at the surface was monitored by RHEED,
which indicated the epitaxial alignment of the growing GaAs to the Si substrate. Af-
ter growth, the surface morphology was characterized by SEM and showed that vertical
GaAs nanowires are present on all samples. Figure 4.11 presents the SEM images and the
corresponding RHEED patterns of the samples after (a) 10 s, (b) 100 s, (c) 1000 s, and (d)
1800 s of self-assisted GaAs growth.
• After 10 s (4.11a), the total GaAs deposition is equivalent to a 2-D layer thickness
of zd = 0.3 nm. Several isolated manifestations of GaAs are visible. The spotty
RHEED pattern indicates that these manifestations have a 3-D character. The trans-
mission patterns of GaAs in the ZB crystal structure and its rotational twin are over-
laid by remaining faint crystal truncation rods of the Si substrate.
• After 100 s (4.11b), zd = 2.8 nm, larger GaAs structures are visible in the SEM mi-
crographs. Some of them show a more distinctly vertical shape than others. These
more vertical structures are identified as vertical nanowire nuclei, whereas the more
horizontal structures are tentatively termed ’islands’. The majority of structures on
the substrate are vertical nanowires. In RHEED, the transmission patterns of ZB
GaAs and its twin are observed.
• After 1000 s (4.11c), zd = 28 nm, the morphology of the nanowires as well as the
islands is clearly visible. On average, the nanowires are around 250 nm long and
have a diameter of 40 nm. Their top end is rounded, but does not show the bulging
typical for Ga droplets, since, in this sample, the Ga droplets have been consumed
after growth during a prolonged time (7 min) in As atmosphere at growth temper-
ature, before the As shutter was closed and the substrate temperature was ramped
down. The 3-D islands appear to grow along preferential inclined directions. The
intensity of both ZB diffraction patterns has increased further. Additional reflec-
tions are faintly visible, whose origin could not be fully clarified.
• After 1800 s (4.11d), zd = 50 nm, the nanowires have grown in length and exhibit
Ga droplets, since for this sample the As supply was again stopped synchronously
with the Ga supply. The islands have increased in size, some have coalesced with
other islands and oblique nanowires. The obtained RHEED patterns had compara-
bly low brightness, due to beam obstruction by a sample holder clamp, and indicate
the ZB crystal structure with twins, as before.
Growth Directions
Further SEM micrographs of the sample with 1800 s growth time are presented in Fig-
ure 4.12. In side view (a), nanowires with top droplets can be seen, which have homoge-
neous lengths. In addition, some shorter nanowires without top droplet, but with sessile
Ga droplets near their base are found. Almost all nanowires are oriented in the vertical
[111] direction. Additional GaAs islands, sessile Ga droplets as well as uncovered parts
of SiOx/Si surface are visible. Most islands have grown along non-vertical 〈111〉 growth
directions.
In the top view image (b), vertical [111]-oriented nanowires are completely hidden
behind their top Ga droplets. For some oblique nanowires, oriented in non-vertical 〈111〉
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Figure 4.11.: Self-assisted GaAs nucleation on Si/SiOx. Morphological (SEM, 45◦ inci-
dence) and structural data (RHEED, 〈11¯0〉 azimuth) after growth for (a) 10 s,
(b) 100 s, (c) 1000 s, and (d) 1800 s. The reflections of ZB GaAs (↘), of its ro-
tational twin (↗), and of unidentified origin (yellow triangles) are indicated.
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Figure 4.12.: Morphology of Ga droplets and GaAs growth directions. SEM micro-
graphs of self-assisted GaAs nanowires after 1800 s of growth, in (a) top and
(b) side view. Nanowires and other GaAs manifestations (faceted shapes)
are all in contact with Ga droplets (round shapes). Ga droplets reside either
at the nanowire tips or at the substrate surface (indicated by stars). Pro-
jections of 〈111〉 into the image planes are indicated (broken arrows) and
correspond to the major growth axes of all GaAs structures on the surface.
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directions, both the droplet and the nanowire itself can be seen. In this view it is also
apparent, that islands and oblique nanowires are very similar. The major axes of all
islands are also oriented along non-vertical 〈111〉 directions, and each island is connected
to an associated Ga droplet. The more complex island shapes appear to originate simply
from the coalescence of two or more oblique nanowires. As a result of such coalescence,
the common Ga droplet has a larger diameter and may maintain or re-establish contact
to the substrate surface, as indicated by the larger droplet diameters at the substrate than
on the nanowire tips.
All manifestations of GaAs appear to originate from self-assisted VLS growth of GaAs
nanowires. The only original distinction between the growth of vertical nanowires and
that of islands appears to be the initial growth direction: the former grow along the verti-
cal [111] and the latter in other 〈111〉 directions. For almost all structures, there is epitaxial
alignment with the Si substrate through the thin oxide layer, most likely mediated by pin-
holes. The crystal structure of all GaAs structures as determined by RHEED is ZB with
twin planes, in accordance with the earlier RHEED and TEM results (Sect. 3.2.1). This is
in contrast to the nanowires grown with Au, which grew in the WZ structure.
SEM Analysis
A careful analysis of the nanowire morphology was made for all samples of the nucle-
ation series and its results are presented in Figure 4.13. For the determination of the nano-
wire length l and diameter d, side view SEM micrographs were used. Measurements of
6-20 nanowires were averaged and the standard deviation was determined. Top view
micrographs were analysed for the determination of the nanowire number density σ and
the covered Si fraction b.
The results for the average nanowire lengths are presented in Figure 4.13a. There is an
excellent linear fit, which indicates an axial growth rate of 0.22± 0.01 nm/s. This value
is in strong excess of the planar growth rate equivalent to the supply flux of 0.028 nm/s.
Substantial surface diffusion of Ga and also of As can thus be concluded, since the supply
was stoichiometric JGa =JAs.
The average nanowire diameters d show a monotonically increasing trend, which in-
dicates radial growth. Some inverse tapering was observed for the 1800 s sample: these
nanowires had a roughly 10% larger diameter at the top just below the Ga droplet than
at the bottom close to the substrate. The dependence of the diameters d on growth
time t ≥ 100 s can be described by a linear fit, from which a radial growth rate of
(9 ± 3) nm/1000 s results. There is a superlinear behaviour at the start. Possibly, ra-
dial growth can also explain the observed inverse tapering, under the provision that the
nanowires stand close enough for substantial shadowing effects to occur. This would
result in more material arriving at the nanowire top than at its bottom end. Another pos-
sibility is that the Ga droplet has increased in size during growth, since the diameter of
the nanowires follows that of the droplets. In contrast to the Au droplets, whose size
increase during growth is limited by the maximum solubility of Ga in Au, the Ga droplet
size is not limited in this way. Colombo et al. also found a constant rate of diameter
increase for significantly longer growth times.97
The nanowire area density σ was determined by analysis of top view SEM micro-
graphs, such as Fig. 4.12b, from which nanowires and traces could be distinguished.
Within the first 100 s, the number of nanowires increases and then stays basically con-
stant. The error values were estimated by analysing images recorded at different posi-
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Figure 4.13.: Morphology Analysis of Nucleation Series Samples. Measurements of (a)
length l, (b) diameter d, (c) density of self-assisted GaAs nanowires grown
for 10, 100, 1000, and 1800 s on SiOx/Si(111), as well as (d) covered Si fraction
b. While solid lines represent fits to the data, broken lines serve as guides
to the eye. Error bars represent the standard deviation in (a,b) and substrate
inhomogeneity in (c).
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tions of one sample. Differences in the nanowire densities are expected to be caused by
inhomogeneity of the SiOx quality (composition and thickness).
The total covered SiOx/Si surface fraction b increases with growth time. After 1800 s,
b has reached 41%, mainly due to the parasitic traces, while at the same time, nanowires
cover only 5% of the surface. Furthermore, there is no dependence of σ on b. This is
in strong contrast to the Au-assisted case, for which nanowires form only after the Si is
completely covered.
Interface Energies
It has become clear that the self-assisted growth of GaAs nanowires on SiOx/Si(111) does
not necessitate an intermediate GaAs layer. Instead, vertical nanowires grow isolated
on the SiOx-covered Si substrate. Nevertheless, an epitaxial relationship between GaAs
nanowires and Si substrate has invariably been found by RHEED. Fontcuberta et al. pre-
sented a HRTEM image of a 20 nm diameter pinhole in their 5 nm-thick sputtered SiOx
that provided the epitaxial contact. They argued that the pinholes were opened by the
reaction of SiOx with Ga and As. Our data demonstrates that the native SiOx can even be
removed completely by the reaction with Ga (see Fig. 3.20).
Following the considerations of Section 4.1.2, the Ga droplets are expected to have a
minimal interface energy when on GaAs, while their interface energy on Si is expected to
be larger. The equivalent case for SiOx is calculated in the following.
γGa/GaAsLS < γ
Ga/Si
LS
γGa/GaAsLS < γ
Ga/SiO2
LS (4.3)
As before, the liquid-solid interface energies γLS are estimated using Young’s equation
(4.2) and literature data: γGaLV = 0.67 J/m
2,125 γGaAsSV = 0.69 J/m
2,123 γSiSV = 1.23 J/m
2,119
γSiO2SV = 0.33 J/m
2,126 φGa,GaAs = 44◦,127 φGa,Si = 39◦,128 and φGa,SiO2 = 119
◦.126 Result-
ing interface energies of γGa/GaAsLS = 0.21 J/m
2, γGa/SiLS = 0.71 J/m
2, and γGa/SiO2LS =
0.65 J/m2 are thereby calculated, which must be considered as rough estimates, since
(i) any orientation dependence was neglected and (ii) the unclear quality of the native
SiOx could be a source of significant error. Nevertheless, the results fulfil the expected
relations. Therefore, the observed behaviour of direct vertical nanowire growth can be
explained by a better wetting of Ga droplets on GaAs than on Si. These results are also
in agreement with the observation of a preferred adhesion of Ga droplets to GaAs struc-
tures, as apparent from Fig. 4.12.
In terms of liquid-solid interface energies, the VLS growth of GaAs nanowires on
SiOx/Si using Ga droplets represents the opposite case to the growth of GaAs traces on
Si(111) using Au droplets.
The question why some nanowires grow in oblique directions cannot be answered by
a preferred wetting of Ga droplets on the SiOx/Si substrate. Instead, we speculate that
during the growth of oblique nanowires, the Ga droplet grows in lateral size faster than
does the GaAs nanowire below it, which leads to a breaking of vertical symmetry and
the creation of an oblique Ga/GaAs interface. Schwarz and Tersoff have pointed out that
nanowires can kink when their growth is perturbed.110
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4.2.3. Summary of Self-assisted Nucleation
The central result of this nucleation study is that the self-assisted VLS mechanism leads
to direct growth of GaAs nanowires on SiOx/Si substrates. The nucleation is direct in the
sense that nanowire growth begins without any prior lateral droplet movement, as was
the case for the Au-assisted nucleation on Si(111).
Virtually all VLS-grown GaAs structures were found to be epitaxially aligned to the
Si substrate. While most nanowires grow in the vertical [111] direction, a minor fraction
is aligned in oblique 〈111〉 directions and eventually forms islands with complex shapes
upon coalescence.
For all samples, each individual GaAs structure is connected to a Ga droplet, which
indicates that in all cases nucleation happened by the VLS mechanism. No liquid-free
nucleation by the VS mode was observed directly on the SiOx mask, which indicates
excellent selectivity.
By an estimation of the liquid-solid interface energies of Ga droplets on GaAs, Si and
SiOx, the former was found to be minimal. This explains why the Ga droplets are not
mobile and nanowire growth directly starts in the vertical direction.
4.3. Comparison of Au- and Self-assisted Nucleation
The nucleation studies using Au and Ga droplets show that the self-assisted mechanism
leads to the direct formation of vertical nanowires on SiOx/Si(111). In contrast, the Au-
assisted nucleation on Si(111) is indirect, viz. vertical GaAs nanowires form only after
other GaAs structures have coalesced to a planar layer on which the nanowires grow.
This behaviour is a result of the interface energies between the involved substances. Au
droplets wet Si better than GaAs, while Ga droplets wet GaAs better than Si (or SiOx).
The different relations between the liquid-solid interface energies explain why on Si,
self-assisted nucleation is more straight-forward than the one under Au-assistance. Au-
assisted nanowires on Si are necessarily connected with other basal GaAs and position
control is lost. In this view, the self-assisted mechanism produces the more promising
results. However, the effect of the SiOx quality on the Ga droplet diameters and densities
has not yet been fully understood and needs further study. With such knowledge, it
might be possible to tailor the SiOx to achieve a desired number density and diameter
of GaAs nanowires in a self-organized fashion. Furthermore, exact nanowire position
control can be achieved when the SiOx is patterned. First results for patterned growth of
GaAs nanowires by the self-assisted mechanism have recently been presented, but full
mastery must still be accomplished.129,63
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5. Side Facet Formation During VLS Growth
The crystal structure is of paramount importance for semiconductor materials and their
device applications. Virtually all semiconductor properties depend on the crystal struc-
ture, foremost the electronic band structure, but also mechanical and optical properties.
Perhaps surprisingly, a semiconductor in nanowire shape does not necessarily adopt the
same crystal structure as in the bulk, since energy contributions from the surfaces are
no longer negligible. GaAs nanowires in the WZ phase provide an excellent example,
since in the bulk form GaAs always adopts the ZB phase. When the nanowire crystal
structures can be tailored by growth conditions, an additional degree of freedom for the
material engineer is gained. To this end, a thorough understanding of the way the crystal
structures form is necessary.
For nanowires with their large surface-to-volume ratio, the surface can become the
most important part of the device. Surface effects need to be controlled and can even
be employed for sensing applications.130 Central to the semiconductor surface is the for-
mation of electronic surface states, which can have several effects: an increased recombi-
nation of charge carriers, Fermi level pinning, internal electric fields, and the formation
of accumulation or depletion layers.131 Since the quality and quantity of surface states
depends on the surface orientation, it is imperative to understand which nanowire side
facets are present. Other important surface effects are the increase in ionisation energy of
donors and acceptors caused by dielectric confinement, which leads to a reduced doping
efficiency,132,133 as well as the selection rules in Raman spectroscopy, which also depend
on the surface orientation.134
Furthermore, it has been shown by Frank Glas et al., who adapted classical nucleation
theory to nanowire growth, that the side facets can directly influence the nanowire crys-
tal structure.67 Furthermore, Johansson et al. demonstrated that Au-assisted III-V nano-
wires with ZB crystal structure are prone to a special kind of nano-faceting, which leads
to the introduction of planar stacking faults.135 Nano-faceting means the decomposition
of an atomic plane with high surface energy into many smaller (nanometre-sized) facets
of other orientations. By making stacking fault formation necessary, the side facets can
have a strong influence on the crystal structure and crystalline quality of the nanowires.
Therefore this chapter presents a study of the side facets of self- and Au-assisted GaAs
nanowires by experimental as well as theoretical means. The theoretical results are the
outcome of a fruitful cooperation with L. F. Feiner from TU Eindhoven.
At the beginning of this chapter, the experimental data by ourselves as well as from the
literature is surveyed (Sect. 5.1). The surprising result is that the two droplet materials
lead to mutually different side facet orientations. The observed side facets are classi-
fied according to atomic stacking sequence in order to point out common characteristics.
The adaptation of classical nucleation theory to nanowire growth is reviewed (Sect. 5.2),
which describes the dependence of the nanowire crystal structure on the surface energies
of the possible side facets and serves as a basis for the following analysis. In the fol-
lowing, the required parameters are critically discussed (Sect. 5.3). Section 5.4 presents
first a full calculation of the relative probabilities of critical nuclei with several different
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side facets using a specific set of input parameters. The result of Glas et al. that ZB (WZ)
nuclei are favoured at low (high) supersaturation is reproduced. In the following, each
crystal structure is considered separately and the dependence on two uncertain input pa-
rameters is studied. Facet stability for WZ, ZB and each droplet material are discussed in
detail.
5.1. Experimental Observations of Side Facets
The nanowire side facet orientation can be fully determined only by carefully analysing
HR-TEM images of one sample under different angles or, alternatively, by Synchrotron-
XRD reciprocal space maps of nanowires. However, basic information about the pro-
jection of the facet normal to the substrate can be obtained more simply by SEM, pro-
vided the epitaxial relation to the substrate and the crystal structure of the nanowires
are known. During MBE growth, both informations can readily be obtained by RHEED.
There is abundant data showing that ZB as well as WZ nanowires can be grown by both
droplet materials under adjusted growth conditions.136,66
5.1.1. Self-assisted GaAs Nanowires
Our MBE-grown self-assisted GaAs nanowires have a hexagonal cross section and {11¯0}
side facets, as was repeatedly observed by SEM, c.f. Fig. 5.1a,b. The orientations were
determined in relation to the substrate cleavage edge after epitaxial alignment of grown
GaAs nanowire and Si substrate had been confirmed by RHEED. Similarly prepared very
thick wires (average diameter 600 nm) were analysed by Biermanns et al. using syn-
chrotron XRD and clearly show crystal truncation rods arising from hexagonal {11¯0}
side facets.137
[110]
100 nm
[112]
[112]
[111]
[110]
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b (110)
c (101)
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a b
a b c
Figure 5.1.: SEM micrographs of self-assisted GaAs nanowires for the identification of
side facets. Nanowires with different lengths are shown in (a) and (b) in side
and top view, respectively. In (b), the focus is set to the base of the nanowire
such that the hexagonal symmetry and four {11¯0} oriented side facets can be
seen.
A number of literature reports exist, which reveal side facets of self-assisted GaAs
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nanowires. All show the same result: Fontcuberta et al. found {11¯0} sidewalls by HR-
TEM and SEM analysis of the GaAs nanowires grown by MBE in their group.138,139 Al-
ready in early 2007, the Fukui group reported {11¯0} vertical sidewall facets for their
GaAs nanowires fabricated using Au-free selective area MOVPE.51 Cirlin et al. recently
studied the facet orientation of MBE-grown self-assisted GaAs nanowires by SEM and
reported {112¯} sidewalls, but apparently they used the wrong cleavage plane orienta-
tion as reference.140 When corrected (Si(111) readily cleaves along oblique {111} planes),
their result turns into {11¯0} sidewalls. It may be noted that all available sidewall facet
data are for ZB nanowires, which we take as an indication for the comparable scarcity
of WZ nanowires by the self-assisted VLS mechanism. Apparently, facets of self-assisted
WZ nanowires have not yet been reported.
5.1.2. Au-assisted GaAs Nanowires
Our own Au-assisted nanowires on Si have very thin diameters (∼10 nm) such that the
facet shape is below SEM resolution and the resulting fragility makes preparation of
nanowire cross sections for HR-TEM very involved. Instead we rely on the wealth of
literature data about the side facets of Au-assisted GaAs nanowires.
A recent review of the MOVPE-grown Au-assisted nanowire activities in the Samuel-
son group by Dick et al. includes an overview of their side facet studies by SEM and
HR-TEM and reports {101¯0} facets for WZ segments, and {112¯} extended facets (macro-
facets) for twin-free ZB segments, as well as {111}A &{1¯1¯1¯}B nano-facets for highly
twinned ZB nanowires.66 The existence of segments with {111}A and {1¯1¯1¯}B nano-facets
geometrically necessitates twin boundaries at their interface.135,141 Wacaser et al. studied
MOVPE growth of Au-assisted GaAs nanowires depending on the substrate orientation
and found heavily twinned nanowires with {111}A &{1¯1¯1¯}B nano-facets on GaAs(111)B,
but twin-free {112¯} facets on GaAs(111)A.72 Mariager et al. analysed MBE-grown Au-
assisted GaAs nanowires with both ZB and WZ segments by XRD and identified ZB seg-
ments with {111}A &{1¯1¯1¯}B nano-facets, as well as {101¯0} facets for WZ segments.142,143
A detailed HR-TEM study of Au-assisted nanowires with axial GaAs-GaP heterostruc-
tures grown by MOVPE was performed by Verheijen et al. and showed that the GaAs
segments have extended {112¯} facets or composed {111} and {001} nano-facets.144
An additional aspect is that of lateral overgrowth. In general, the facets developed
by VLS axial growth and VS radial overgrowth can be different, as has been demon-
strated by the following authors. Using SEM, Plante et al. reported {101¯0} facets for
MBE-grown Au-assisted WZ nanowires after short growth times, but noted a change to
{112¯0} facets for longer growth times, after the nanowire had grown in the radial direc-
tion substantially.95 Sköld et al. analysed MOVPE-grown GaAs nanowires surrounded
by GaAs shells by SEM and HR-STEM and found that the GaAs cores show {112¯} facets
but {11¯0} facets form when GaAs shells are grown at higher temperatures.145,146 For
GaAs nanowires growth using Au droplets with a bimodal diameter distribution as well
as for growth on GaAs(311), Shtrikman et al. report pure ZB crystal structure, unusual
〈100〉 and 〈11¯0〉 growth directions and {11¯0} and {001} side facets. Strong tapering to-
wards the nanowire tip indicates significant lateral growth.73
When lateral overgrowth is neglected, the nanowires produced by the Au-assisted
VLS mechanism generally develop either extended ZB {112¯} facets, or nano-faceted ZB
{111}A &{1¯1¯1¯}B segments separated by twin boundaries, or extended WZ {101¯0} facets.
ZB {11¯0} facets are reported for Au-assisted nanowires only after lateral overgrowth.
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5.1.3. Classification of Observed Side Facets
Here, a classification scheme of III-V nanowire side facets is presented. The atomic planes
perpendicular to the growth directions, i.e. [111] and [0001], have hexagonal symmetry.
Therefore, a hexagonal shape of the nanowire cross section generally leads to high co-
ordination and a low interface energy. Two shapes are most probable: (110)-type facets
delimit nanowire cross sections with sides parallel to the {110} cleavage planes of III-V
compounds. In contrast, (112)-type facets delimit cross sections that are rotated by 30◦.
[112]B
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[110]
Zincblende
Wurtzite
(110)-type (112)-type
[1010]
[0001]B
[1120]
non-polar
non-polar
polar
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{111}A, {111}B,  
{001}, {001}
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{1010}
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Figure 5.2.: Classification of Observed Nanowire Side Facets. Cross sections through
nanowires in top view, revealing the orientations of observed side facets in
relation to the bulk-truncated crystal structure. Extended facets parallel to
the [1¯1¯1¯]B growth axis are indicated by bold type. For zincblende nanowires,
decomposition of overall {112¯} oriented sidewalls into various tilted nano-
facets regularly occurs.
Figure 5.2 depicts all observed nanowire facet orientations, grouped according to crys-
tal structure and facet type, including the bulk truncated atomic structure. It is very
noteworthy that all sidewall facets reported for the Au-assisted nanowires fall into the
(112)-type. All ZB facets of this type are polar, i.e. planes parallel to the surface con-
sist of either Ga or As. This is customarily indicated by the suffixes A (Ga) and B (As).∗
Around the perimeter of a nanowire segment with hexagonal cross section and polar
facets, A and B surfaces alternate. In contrast, the generally reported {11¯0} ZB facets for
the self-assisted nanowires are non-polar. For WZ facets, the conceivable facet orienta-
tions, i.e. {112¯0} (a-plane) as well as {101¯0} (m-plane), are likewise non-polar and do not
tend to nano-faceting. GaAs nanowires with the WZ structure were repeatedly observed
∗A and B suffixes are not used for {001} and {001¯} surfaces, which constitute a special case. Both have
identical surface energies, since reconstruction can transform one into the other. Nevertheless, their
orientations are different. With respect to the nanowire growth axis, {001} facets are tilted inwards,
while {001¯} facets are titled outwards.
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to have {101¯0} facets when the Au-assisted VLS growth had been used (without lateral
overgrowth), while no reports are currently known for self-assisted nanowire growth.
Figure 5.3.: Zincblende (112)-type composed facets. Bulk-truncated atomic structure of
nanowires in side view. a Composition from segments with {111}A, {1¯1¯1¯}B,
{001} and {001¯} facets. b Alternative composition from segments with only
{111}A and {1¯1¯1¯}B facets, which requires repeated formation of twin planes
(dashed lines).
Considering the atomic structure of the nanowires, four of the observed facets lead to
extended vertical side facets, namely the ZB {11¯0} and {112¯} as well as both WZ orien-
tations. Of these four, the ZB {112¯} surface has the highest surface energy (1.04 J/m2)147,
while those of the other three vertical facets are approximately 0.3 J/m2 smaller (see Table
5.1). As a result, a decomposition of the {112¯} facet has to be considered.148 Figure 5.3
shows the bulk-truncated atomic structure of two composed (112)-type facets that were
reported for Au-assisted GaAs nanowires.
When nanowire segments with {111} and {100} facets are stacked (Fig. 5.3a), the lateral
surface is composed of nano-facets. On average the ratio of both segment lengths must
equal 2 : 1, in order to maintain the overall {112¯} sidewall orientation. A regular {112¯}
extended facet is composed if the sequence is exactly 2 monolayers of GaAs with {111}
followed by exactly 1 monolayer with {100} facets.149
In contrast, a nano-faceted {111}A &{1¯1¯1¯}B surface arises (Fig. 5.3b), when on top of
an outwards tilted {1¯1¯1¯}B an inwards tilted {111}A facet is formed instead of a {001}
facet. Then, the nanowire obtains the shape of stacked octahedra.135 This stacking se-
quence is necessarily associated with the formation of a twin plane at the boundary of
the {111}A &{1¯1¯1¯}B segments. It has been demonstrated that although the repeated
stacking fault formation is energetically costly, the energy gained at the surface can (ki-
netically) stabilize this nanowire shape.135,74 When the facet orientation is exchanged
after each monolayer, the WZ crystal structure results.
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Discussion
The observed sidewall facets depend on the droplet material used for VLS growth. Self-
assisted nanowires readily grow in the ZB structure (but often contain twins). Their side
facets are non-polar {11¯0} surfaces, such that the nanowire shape is that of a prism with
the cross section of a regular hexagon. The facet orientation of self-assisted nanowires
with WZ crystal structure has not been reported.
In contrast, Au-assisted nanowires often adopt the WZ crystal structure and then show
vertical {101¯0} side facets. When Au-assisted nanowires grow in the ZB crystal struc-
ture, {112¯} as well as nano-faceted {111}&{100}, and {111}A &{1¯1¯1¯}B side facets were
observed, which are all polar. The {111}A &{1¯1¯1¯}B configuration necessitates regular
introduction of twin plane stacking faults. All of the facets for Au-assisted nanowires
lead to hexagonal nanowire cross sections, with the sides rotated by 30◦ with respect to
the {11¯0} planes.
5.2. Model of Side Facet Stability
Why do self-assisted and Au-assisted ZB nanowires develop different sidewall facets?
Which effect do the Ga and the Au droplets have? A theoretical understanding of the
effects of the droplet material is sought. We use the monolayer nucleation model for the
VLS mechanism originated by Glas et al.67
5.2.1. Review of VLS Nucleation Models
The Glas-model assumes that the atomic arrangement of a newly formed monolayer un-
der the droplet is guided not by the minimum energy of the full layer, but instead by the
minimum energy of a nucleus with critical size.67 Once a critical nucleus has formed, it
is assumed to spread over the whole nanowire cross section. The Glas model represents
2-D nucleation theory under chemical potential control150 applied to nanowires. This ap-
proach was used to explain why III-V nanowires often adopt the WZ crystal structure.67
A comparison of the stability of WZ and ZB nuclei, which form at the triple phase line
with different side facets, led to the prediction that nanowires with WZ phase should be
expected for high droplet supersaturation, which was verified for Au-assisted nanowires.
In that work, only three (112)-type facets were compared. Dubrovskii, Glas et al. built on
this model in order to predict a crystal structure change from ZB to WZ with increasing
supersaturation ∆µ.151
Algra et al. expanded the model further and calculated the period of regular twinning
observed in Au-assisted, {111}A &{1¯1¯1¯}B nano-faceted InP nanowires with remarkable
accuracy.74 Joyce et al. for the first time considered all possible side facets and used their
model to predict changes of the side facets with the droplet-nanowire contact angle β for
Au-assisted InAs nanowires, but predictions were made only for facets within one type
of facet.152 Cirlin et al. already studied the difference between the Au and Ga droplets,
but they did not predict sidewall facets.140 Their result is that nucleation can happen at
the triple phase line for Au-assisted nanowires, which gives rise to WZ under large ∆µ,
but nucleation always happens at the centre of the nanowires for self-assisted growth,
which gives always ZB. This result appears to be somewhat too rigid, particularly in the
light of accounts of self-assisted WZ nanowires.136 Krogstrup et al. recently added the
nucleus position in a more natural way to the probability calculation of ZB and WZ and
72
5.2. Model of Side Facet Stability
could thereby explain the experimentally observed shift from WZ to ZB with increasing
chemical potential for self-assisted GaAs nanowires.153
A calculation of facet probabilities for Au- and self-assisted nanowires had not previ-
ously been done, and will be presented here. First, classical nucleation theory adapted to
nanowires is reviewed, second, the crucial input parameters are presented, and third, the
model predictions are discussed.
5.2.2. Classical Nucleation Theory Adopted to VLS Nanowire Growth
In MBE or MOVPE, the thermodynamically correct energy to minimize is the Gibbs free
energy G, since temperature T, and pressure p are controlled (fixed), while entropy and
volume are exchanged with the environment.22 The VLS nucleation model, pioneered by
Glas et al., considers a nucleus forming a new GaAs monolayer on the top of the nanowire
just below the liquid droplet, as illustrated in Fig. 5.4.
The change in Gibbs free energy ∆G caused by the creation of the nucleus has three
contributions: First, the process is driven by the energy yielded in the reaction of Ga and
As in the liquid droplet to GaAs in the solid nucleus, which is described by the difference
∆µ in the chemical potentials of supersaturated droplet and solid nucleus. Second, new
lateral sidewall facets are formed that cost an effective interface energy Γ. Third, a stack-
ing fault energy γF must be paid if the stacking sequence is WZ (ABAB) instead of ZB
(ABCABC), since WZ GaAs is only metastable (see Sec. 2.3). These contributions make
up the three terms of ∆G:
∆G = −Ah∆µ+ PhΓ+ AγSN , (5.1)
where A is the nucleus base area, h is the nucleus height, P the nucleus perimeter, and
γSN is the solid nanowire-nucleus interface energy, which equals γF for WZ and vanishes
for ZB stacking. The effective lateral interface energy Γ depends on the position of the
nucleus and on its sidewall facets.
Regarding the position of the nucleus with respect to the droplet there are two possi-
bilities. Nuclei forming in the centre of the nanowire are completely surrounded by the
liquid droplet and thus the lateral liquid-solid interface energy γ0LS is the only contribu-
tion to the effective interface energy
ΓC = γ0LS, (5.2)
where the index 0 indicates that identical solid-liquid facets are considered to form under
the droplet irrespective of the solid-vapour side facet orientation (Fig. 5.4a).
In contrast, nuclei can form in direct contact with a side facet, i.e. at the triple phase
line (TPL), where vapour, liquid and solid meet. Figure 5.4 schematically illustrates the
geometry of a nucleus a the TPL. For these nuclei, there is an additional contribution
∆Γi, which depends on the orientation of the side facet (indexed by i). It arises from the
exchange of solid-liquid with solid-vapour interface around a portion x of the nucleus
perimeter P. An expression for ΓTPLi can be derived considering that the work associated
with the upward-shift of the triple phase line equals W = γSV − γLS − γLV cos δ,† where
δ is the angle between facet and droplet, and cos δ = cos(β− θ− pi/2) = sin(β− θ).74 In
†In the static case W = 0, and this turns into the derivation of Young’s angle φ.
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Figure 5.4.: Geometry of VLS nucleation at the triple phase line. Schematic illustration
showing a hexagonal nucleus of height h as considered in the model (a) from
the side, (b) from the top. The nanowire-liquid contact angle β, the facet tilt
angle θi and the angle δ between facet and droplet are labelled as well as the
perimeter fraction in contact with the triple phase line x.
the present case, we arrive at
ΓTPLi = γ
0
LS + x
(
γSVi − γLV sin(β− θi)
cos θi
− γ0LS
)
. (5.3)
Here, the index i indicates parameters which depend on the side facet orientation. In
particular θi denotes the tilt angle of the facet at the triple phase line, and β is the contact
angle of the droplet with the top facet of the nanowire. Since the surface force balance
for a droplet on a nanowire is different from the situation on a flat surface, β is generally
different from Young’s angle φ, i.e. the contact angle of the unconstrained droplet. Nu-
cleation at the TPL generally dominates provided ΓTPLi < Γ
C, which means that energy
is gained by the upwards-shift of the TPL.
5.2.3. Side Facet Probability
In order to single out those terms which depend on the orientation of the side facet at the
TPL, the above formula is rewritten as
ΓTPLi = (1− x)γ0LS + x
(
γSVi
cos θi
+ γLV cos β tan θi − γLV sin β
)
= (1− x)γ0LS + x (δΓi − γLV sin β) , (5.4)
and the facet-depending terms are contained in
δΓi =
γSVi
cos θi
+ γLV cos β tan θi. (5.5)
Generally, the lower the lateral facet surface energy δΓi of a nucleus, the more likely is
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its formation. Remarkably, γ0LS does not affect δΓi of (nuclei with) different side facets.
However, since γLV and β depend on the droplet material, different facets can be expected
for Ga and Au droplets.
D*
ΔG
ΔG*
0
D
Figure 5.5.: Gibbs free energy of nuclei versus radius. Schematic plots of the formation
energy ∆G of two nuclei with different side facets are presented. The energy
barrier for formation of one nucleus is significantly lower. At its maximum,
both the critical nucleus size r∗ and the critical Gibbs free energy ∆G∗ can be
extracted.
When Γi is known for a nucleus with side facet i, ∆Gi(r) can be determined using (5.1)
for a range of nucleus radii r, as illustrated in Fig. 5.5. Then, the critical Gibbs energy ∆G∗i
can be determined, which represents the energy barrier for the formation of this nucleus,
∆G∗i = ∆Gi| d∆Gi
dr =0
. (5.6)
For the actual calculation of ∆G∗i , this shape must be specified, and it should comply with
the hexagonal crystal symmetry. Here we consider nuclei shaped as regular hexagons,
which leads to A = 3
√
3/2 r2, P = 6 r, x = 1/6 and thus
∆G∗i = 3
√
3
hΓ2i
∆µ− γSN/h . (5.7)
The probability of nucleus formation depends strongly on ∆G∗. In order to compare
nuclei with different facets (indexed by i), Γi and ∆G∗i are calculated using the surface
energy γSV,i and tilt angle θi of the particular facet. The normalized probability Pi of facet
i is given by135,152
Pi = exp
(
−∆G
∗
i
kT
)
/∑
j
exp
(
−
∆G∗j
kT
)
. (5.8)
In this way, the formation probability Pi of nuclei with each sidewall facet i and each
crystal structure can be calculated. When comparing nuclei with identical crystal struc-
ture but different side facets, a high nucleus formation probability Pi is thus directly re-
lated to a low ∆Gi and by virtue of (5.7) and (5.3) also to a low Γi and δΓi .
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5.3. Physical Parameters
For a quantitative analysis, the values of the involved physical parameters need to be
known. For the complicated VLS system at hand, this is a formidable task. Here, we
present the result of a thorough literature analysis of measurements and, where available,
ab-initio calculations of the input parameters for our facet model. The parameters which
do not involve the liquid phase and thus should be independent of the droplet material
are discussed first. The values used in the calculations will be presented in Table 5.1. The
quantities that obviously depend on the droplet material, viz. liquid-vapour γLV and
liquid-solid γLS interface energies, Young’s angle φ, and the nanowire contact angle β,
will be presented in Table 5.2. Below, the parameters are discussed.
5.3.1. GaAs Solid-Vapour Interface Energies
The solid-vapour interface energy γSV can be determined experimentally by measuring
the force necessary to move a crack in reversible fashion, but this method works only for
cleavage planes, namely GaAs{110} and Si{111}, yielding γSV,GaAs{110} = 0.86± 0.15 J/m2
and γSV,Si{111} = 1.14± 0.14 J/m2.154,119
Zincblende Wurtzite
{11¯0} {111}A {1¯1¯1¯}B {001} {001¯} {101¯0} {112¯0}
tilt angle θ 0◦ -19.5◦ 19.5◦ -35.3◦ 35.3◦ 0◦ 0◦
γ
(Ga)
SV
(
J
m2
)
0.83 0.87 1.11 1.04 1.04 0.69 0.73
γ
(As)
SV
(
J
m2
)
0.83 0.87 0.90 0.93 0.93 0.69 0.73
Table 5.1.: Surfaces energies of reconstructed GaAs surfaces. Values are given for Ga-
rich and As-rich vapour, in accordance with As chemical potentials of −0.64
(Ga-rich) and −0.2 meV/Å2 (As-rich). The tilt angles θi of the surface plane
with the [111] growth direction are also given, negative angles denote a tilt
toward the inside of the nanowire. The γSV values are taken from compatible
DFT calculations: Ref. 123 for ZB and Ref. 147 for WZ. Superscripts indicate
references, see main text.
Alternatively, calculations using density functional theory (DFT) can give results for
non-cleavage planes, can take into account a variety of ambient conditions as well as
reconstructions, and can give more accurate results. Moll et al. calculated γSV for various
ZB GaAs surfaces and their reconstructions as a function of the As chemical potential
µAs, which depends on the ambient As pressure pAs as µAs = kT ln(pAs/p0), where p0
denotes the pressure of As vapour in equilibrium with its solid.123 The quality of the
results is demonstrated by the fact that it reproduces the sequence of β2(4× 2), β2(2× 4)
and c(4× 4) reconstructions of GaAs(001) with increasing µAs as observed by RHEED
during MBE layer growth at 550◦C.155
Boundaries on µAs exist: at low µAs, Ga droplets form at the surface, created from
the disintegration of GaAs, while at very high µAs, solid As crystals start to form, but
this limit is out of reach for conventional MBE growth.22 Hereafter, Ga-rich and As-
rich growth conditions are considered, which correspond to a µAs close to the lower and
higher boundary, respectively. Approximately Ga-rich conditions are in accordance with
the growth conditions for our Au- and self-assisted nanowires grown at low V/III flux
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ratios. Ga-rich conditions are obviously necessary to maintain the presence of the liquid
Ga droplet during self-assisted nanowire growth. However, considerably more As-rich
conditions cannot be excluded for Au-assisted GaAs nanowire growth experiments per-
formed by other groups particularly using MOVPE.
In any case, the energy of the non-polar surfaces depends only weakly on µAs.123
Only polar GaAs surfaces, which contain unequal numbers of Ga and As atoms, can
significantly be stabilized by reconstruction involving addition or removal of As or Ga,
such that their surface energy will change with µAs. This means that the following sur-
faces are considered to be stable: as-cleaved (relaxed but unreconstructed) GaAs(110),
β2(4× 2) GaAs(100), relaxed GaAs(111)A with Ga vacancy, and relaxed GaAs(1¯1¯1¯)B with
Ga adatom under Ga-rich conditions (µAs ' −0.64 meV/Å2) and as-cleaved GaAs(110),
β2(2× 4) GaAs(100), GaAs(111)A with (2× 2) Ga vacancy, and relaxed GaAs(1¯1¯1¯)B with
As trimers under As-rich conditions (µAs = −0.2 meV/Å2).123 The respective γSV are
shown in Table 5.1.
Additionally, Rosini et al. have recently performed similar DFT calculations for WZ
GaAs and used Moll’s γSV,{110} value as a reference point.147 Although they did not con-
sider a dependence on µAs, reconstructions are not expected for the two non-polar WZ
surfaces {11¯00} and {112¯0}. Note that {112¯} sidewalls are composed of monolayers
with {111}&{100} side facets. Thus, a complete set of compatible, DFT-calculated γSV,i
is available for GaAs, as presented in Table 5.1, which also shows the tilt angle of each
facet with the vertical.
5.3.2. Interface Energies and Contact Angles for Ga Droplets
Although Ga-As liquid alloys are responsible for self-assisted VLS nanowire growth, the
solubility of As in liquid Ga is very low.22 Using the interface energies and contact angles
of pure Ga droplets is therefore considered to be appropriate.
Au-assisted Self-assisted
Au Au1−xGax Ga
γLV (J/m2) 1.22156 ' 1.5157 0.67125
γLS (J/m2) ' 167 0.39127,158
Young’s angle φ ' 90◦ 67 44◦ 127,158
observed angle β 90◦–140◦ 67,140 90◦–140◦
Table 5.2.: Mechanism-dependent parameters used in the calculations: liquid-solid in-
terface energy γLS, droplet-on-planar contact angle φ (Young’s angle), and
droplet-on-nanowire contact angle β (observed angle) for Au, Au1−xGax, and
Ga liquid droplets. Superscripts indicate references, see main text.
The liquid surface energy γGaLV equals the surface tension and is relatively easy to deter-
mine experimentally.118,159 From the shape of a droplet on well known silica surfaces the
surface tension of Ga droplets in vacuum at 550◦C, γGaLV = 0.67 J/m
2 was extracted.125
The liquid-solid interface energy γLS is the most difficult one to determine experimen-
tally. It can however be calculated using Young’s equation γSV = γLV cos(φ) + γLS,
provided the other interface energies and Young’s angle are known. Young’s angle φ,
which is the contact angle for a liquid droplet on a solid plane, has been measured for
Ga on GaAs(111)A at two different temperatures and interpolation to 550◦C results in
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φGa{111}A = 44 ± 2◦.127 Other authors who did not take care to avoid surface oxidation
erroneously measured much larger Young’s angles, as described by Chatillon.158 Using
Young’s equation, the value γGaLS = 0.39 J/m
2 results, which is also used for all other
surface orientations, for which no experimental data exist.
The droplet-on-nanowire contact angle β is generally different from the droplet-on-
planar contact angle, since the geometry differs from the planar case in that the solid-
vapour interface is now vertical. Macroscopically and in thermal equilibrium, the general
situation is described by
γLV cos β∗ = γSV cos α− γLS, (5.9)
where α is the angle between the horizontal and the solid-vapour interface. For nano-
wires, this equation was analysed by Schmidt et al,108 who also included the TPL line
tension τ in their discussion. Since no experimental values for τ are available, it is ne-
glected here and we note that calculation is only approximate. For non-tapered nano-
wires, α = pi/2 and we get an estimate for the contact angle
cos β∗ = −γLS
γLV
, (5.10)
which leads to β∗ = 125◦ for Ga droplets on GaAs nanowires.
Experimentally, β can be measured after growth provided the droplets are not con-
sumed. We observe values between 90◦ and 140◦ for our self-assisted nanowires (e.g.
Figs. 3.19 and 4.10). Similar angles are visible for the Ga droplets on self-assisted nano-
wires grown by other groups.17,99
5.3.3. Interface Energies and Contact Angles for Au Droplets
For Au-assisted nanowires, the droplets strictly consist of Au-Ga-As alloys. Again, the
As content is very low,60 but the Ga content is substantial. Thus, the Au-Ga-As droplet
can be approximated as an Au1−xGax alloy and atomic Ga fractions x up to 0.3-0.5 have
been found after growth.65 The surface energy γAu-GaLV has commonly been determined
by interpolation of γAuLV and γ
Ga
LV .
67,140 By the oscillating drop method, the surface tension
of liquid Au was measured both at ground and in space.156 An extrapolation to extreme
undercooling conditions at 550◦C yields a value of 1.22 J/m2.
However, Algra et al. proposed to use a higher value for γAu-GaLV since the density of Au
alloyed with Ga increases, suggesting intercalation of Ga atoms at interstitial sites into
the Au matrix.157 As a result, the density of bonds at the surface of the droplet increases.
Thus, γAu-GaLV is expected to take a value between γ
Au
LV and γ
Au
LV + γ
Ga
LV '1.9 J/m2. In the
following complete calculation, the estimate γAu-GaLV ' 1.5 J/m2 is used. In the stability
diagrams, a range between 1.2 and 1.5 J/m2 is considered.
The liquid-solid interface energy γAu-GaLS can again be determined using Young’s an-
gle. Glas et al. measured φ of Au droplets on planar GaAs(111)B just before nanowire
growth and mention that it was “close to pi/2”.67 This implies that γAu-GaLS ' γGa(111)BSV =
1.11 J/m2, which is substantially higher than for pure Ga. In the following we will use
a conservative estimate of γAu-GaLS ' 1 J/m2, and again this will be used for all crystal
orientations.
Typical contact angles of Au-Ga droplets on top of our nanowires were 90◦ ≤ β ≤ 140◦
as found by HR-TEM after growth (e.g. Figs. 3.8 and 4.7). Droplet contact angles 90◦ ≤
β ≤ 125◦ have been reported by other groups,67,140 and it was explicitly stated that “the
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contact angles should be even larger during the growth when the droplets contain more
Ga and some As”.140 Equation (5.10) and the above estimates for γLV and γLS result
in β∗ = 130◦ for Au-Ga droplets on GaAs nanowires, but this value is associated with
substantial uncertainty.
5.4. Predictions of the Model
Here, using the physical parameters discussed in the preceding section, the theoretical
VLS growth model presented in Sec. 5.2 will be applied to predict the facet stability for
self- and Au-assisted VLS-grown GaAs nanowires. Since the facets are different for ZB
and WZ, the crystal structure is discussed at first.
5.4.1. Complete Calculation
The parameter values discussed above were applied to calculate the relative facet proba-
bilities Pi using equations (5.1)-(5.8). Separate calculations were performed for ZB nuclei
with {11¯0} and (112)-type facets ({111}A, {1¯1¯1¯}B, {001}, {001¯}) as well as the two WZ
configurations ({101¯0}, {112¯0}). This approach is used to predict which crystal struc-
tures and which side facets lead to the lowest energy nuclei and should therefore prevail
during VLS nanowire growth.
Figure 5.6.a presents an exemplary calculation for self-assisted GaAs nanowires of the
critical Gibbs free energy ∆G∗i (in units of kT at 550
◦C) for the different side facets i,
as a function of the droplet supersaturation ∆µ, i.e. the difference in chemical potential
between Ga as well as As in the droplet and precipitated GaAs in the solid nucleus. Thus,
∆µ is a different quantity than the chemical potential of As µAs at a solid surface subject to
As4 and Ga vapours, which was used to determine the various γSV ’s in Sect. 5.3.1 above.
Although the two quantities ∆µ and µAs are probably related, this relation is not trivial
and depends on the kinetics of the VLS mechanism in an hitherto unknown way.
An intermediate value of β = 125◦ and the set of γSVi under Ga-rich conditions were
used in the calculation. In Fig. 5.6.b, the corresponding normalized facet probabilities Pi
are presented. These calculations demonstrate that the crystal structure depends on the
supersaturation ∆µ, which can directly be varied by changing the growth conditions. It
has been shown that ∆µ increases with an increased As content in the Ga droplets.153 At
growth start, when no As is in the droplets, ∆µ is expected to be close to zero and rises
towards a steady-state value during continuous nanowire growth. When, after growth
has ended, the As is allowed to leave the droplet, ∆µ can decrease again. Similarly for
Au-Ga droplets, ∆µ increases with rising As and also with rising Ga content but decreases
with rising temperatures.60
The change from ZB to WZ above a critical value ∆µc is a general feature of the mono-
layer nucleation model.67 Below this value, ZB nuclei with {11¯0} facets have the lowest
critical Gibbs free energy and thus the highest formation probability. For larger supersat-
uration, WZ nuclei with {101¯0} facets are predicted to be most stable. At the beginning
of growth, when the supersaturation increases from close to zero to some steady-state
value, a crystal structure change from ZB to WZ is thus predicted. This result does not
fully agree with the sequence of crystal structures observed during self-assisted growth,
which is ZB-WZ-ZB (Fig. 3.20). The second switch (from WZ to ZB) has been explained
by Krogstrup et al., who use an extension of the model and consider the critical radii of
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Figure 5.6.: Exemplary calculation of critical Gibbs free energies and formation proba-
bilities of GaAs nuclei with different TPL side facets. ZB Nuclei with {11¯0}
facets have lowest ∆G∗ and are most probable below a critical value ∆µc (ver-
tical dotted line), while WZ {101¯0} and {112¯0} side facets dominate above.
the nuclei.153 However, this extension is left out of the present analysis because it is not
important for the analysis of facets.
Unfortunately, it was found during repeated calculations, that the stable facets strongly
depend on not accurately known parameters, in particular the contact angle β. Therefore,
instead of calculating numerous ∆G∗ and Pi plots, a more analytical understanding is
sought. In the following we consider two cases: WZ facets (high ∆µ) and ZB facets (low
∆µ).
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5.4.2. Wurtzite Facets
The formation of WZ nuclei arises from their lower γSV than for ZB nuclei. For suffi-
ciently large ∆µ, the energetic cost associated with WZ stacking is thus outweighed by
the gain in lateral surface energy. In the following, the probability Pi of nuclei with dif-
ferent side facets are compared. Assuming that the different nuclei have similar shapes,
we do not need the whole calculation of all Pi, since the nucleus with the highest Pi will
also have the lowest δΓi. Therefore, a comparison of the facet-depending lateral energy
δΓi suffices (see Equation 5.5).
For WZ, the two possible side facets {101¯0} and {112¯0} have θi = 0 and Equation (5.5)
simplifies to δΓi = γSVi . Therefore, {101¯0}WZ facets, which have the lower γSVi , are pre-
dicted to have the highest probability of formation independent of the droplet material
and β.
This result corresponds well to the observation of {101¯0} facets for Au-assisted WZ
GaAs nanowires. At the moment, this cannot be compared with self-assisted growth
experiments, since to our knowledge there exist no reports about the WZ side facets of
self-assisted GaAs nanowires.
5.4.3. Zincblende Facets for Self-Assisted Nanowires
In the following, we focus on the side facets of ZB nuclei. We consider self-assisted nano-
wire growth at first. Since the formation of Ga droplets is vital for this mechanism, Ga-
rich ambient conditions are expected to prevail.
As for the WZ facets, the most ’stable’ (i.e. most readily formed) facet can be calculated
by minimization of δΓi using equation (5.5). No further simplification is possible for ZB
facets, since {111} and {001} facets are tilted (θi 6= 0). The facet with minimum δΓi has
been calculated as a function of β and γLV and is presented in Fig. 5.7. Calculations for a
wide range of β between 60◦ and 150◦ are shown in order to safely encompass all contact
angles conceivable to be present during nanowire growth. In addition, γLV has been
allowed to range from 0.5 to 2 J/m2 to enable a later comparison between Ga and Au-Ga
droplets.
Regions of stability for three of the five considered facets are found, while nuclei with
{001} and {1¯1¯1¯}B side facets are not stable at all under the considered set of γSV and
β. The liquid-vapour energy for liquid Ga-As droplets is expected to be close to that of
pure liquid Ga of γLV(Ga) = 0.67 J/m2 with a possible small deviation caused by the
incorporation of a low fraction of As. The contact angle β during growth is not known
very exactly, but can be estimated by measurements after growth. In Fig. 5.7 the most
probable range of γLV and β are indicated.
As a result, the model predicts {11¯0} side facets for the whole range 70◦ < β < 150◦ for
VLS growth under Ga droplets and Ga-rich conditions. This result establishes the gen-
erality of the earlier calculation (Figure 5.6, only for one specific γLV and β). This results
also agrees with the experimental observations. It can be understood by consideration
of the low surface energy of liquid Ga droplets, which does not suffice to support the
creation of tilted sidewalls.
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Figure 5.7.: Facet stability for Ga-assisted VLS growth and Ga-rich conditions. Results
are obtained by minimisation of (5.5). Since the values for the droplet contact
angle β and the surface energy of the liquid Ga droplet γLV during growth
are not known accurately, the calculation is presented for a large range of the
two physical parameters. The most probable range for Ga droplets during
growth is indicated by a hatched rectangle. The value of γLV for pure liquid
Ga is indicated.
5.4.4. Zincblende Facets for Au-Assisted Nanowires
For Au-assisted growth, it is not a priori clear if As-rich or Ga-rich conditions were
present during growth and which reconstructions should thus be considered. Here, we
analyse each case separately using the two different sets of γSV as given in Table 5.1.
As-rich Conditions
Figure 5.8 depicts the stability diagram of the side facets under As-rich growth condi-
tions. The higher As content in the ambient vapour allows for a stabilization by As-
enriched reconstructions, particularly of the polar {1¯1¯1¯}B surface.
For the Au-Ga droplets, a range of contact angles from 90◦ to 140◦ as found after growth
is considered. Their γLV is expected to lie between 1.2 and 1.5 J/m2 (see Sec. 5.3.3). In the
major part of this range, inclined {1¯1¯1¯}B and {001¯} nuclei are now stable, in accordance
with the experimental observations. A change from these (112)-type facets to {11¯0} facets
would require a change in the nanowire cross section associated with the formation of an
energetically unfavourable intermediate section.
However, the formation of non-vertical facets leads to changes in β during growth,
corresponding to horizontal movements in the stability diagrams. This can explain the
repeated formation of segments with alternating facets in the following way. During
growth of inclined side facets, the nanowire cross section approaches a triangular shape,
since outwards-tilted B-facets shrink and inwards-tilted A-facets widen, as schematically
shown in Figure 5.9a. This leads to a skewed droplet shape and a change of the droplet
nanowire contact angle β, which decreases on B- and increases on A-facets (Fig. 5.9b).
82
5.4. Predictions of the Model
{111}B
{001}
{110}
60° 90° 120° 150°
contact angle β
0.5
1
2
1.5
su
rf
ac
e 
en
er
g
y 
g L
V
 (
J/
m
²)
{
0
0
1
}
AuL 
{
1
1
1
}
A
GaL 
Au-Ga droplets 
Figure 5.8.: Facet stability for Au-assisted VLS growth under As-rich conditions. Re-
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Nevertheless, during growth of several monolayers the average contact angle can be sta-
bilized by the following two processes:
• Caused by the growth of a number of GaAs monolayers with {1¯1¯1¯}B facets, βA at
the opposite (or a neighbouring) A facet has sufficiently increased, that eventually
a nucleus with {001} facets forms (Fig. 5.9c). In this way, Algra et al. modelled
vertical {112¯} facet growth by repeated formation of {1¯1¯1¯}B nuclei on B facets and
{001} nuclei on neighbouring A facets (with 2:1 probability).149
• Alternatively, after continuous nucleation of several monolayers with {1¯1¯1¯}B side
facets, βB has decreased sufficiently that nucleation with outwards inclined {1¯1¯1¯}B
side facets at the neighbouring A side wall is more probable, even though this ne-
cessitates formation of a twin plane (Fig. 5.9d). Again, Algra et al. were able to
explain the formation of composed {111}A &{1¯1¯1¯}B facets in this way.74
As a result, β can be dynamically stabilized in cases when {1¯1¯1¯}B nuclei are favoured,
i.e. for 103◦ < β < 111◦ at γLV =1.5 J/m−2 (Fig. 5.8). It is expected, that whenever β
is larger, {001¯} facets are formed and β is reduced thereby until {1¯1¯1¯}B facets are most
favourable.
Thus, for Au-Ga droplets and As-rich conditions, formation of polar and composed
{111}A &{1¯1¯1¯}B or {111} &{001} facets is predicted, which is in agreement with exper-
imental observations for Au-assisted GaAs nanowires.
Ga-rich growth conditions
While the model for Au droplets under strongly As-rich conditions agrees well with ex-
perimental observations, we also study what happens under more Ga-rich growth condi-
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Figure 5.9.: Formation of composed facets caused by contact angle changes. (a) Nano-
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facets. (b) Resulting skewed droplet shape with reduced (enlarged) contact
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(d) Continuous nucleation of segments initiated by {1¯1¯1¯}B facets, but at al-
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lines).
tions, since our Au-assisted growth experiments were performed with a flux ratio JAs/JGa
close to stoichiometry.
Completely Reconstructed GaAs Figure 5.10a presents the facet stability diagram un-
der Ga-rich conditions for Au-assisted VLS growth. The facet stability regions are equiv-
alent to those presented before for self-assisted growth (Fig. 5.7), but considerably larger
γLV and β∗ prevail for the Au-Ga droplets considered here. This leads to the prediction
of outwards tilted polar {100}B facets or {11¯0} extended facets. The general observation
of {111}A &{1¯1¯1¯}B and {112¯} side facets can not be explained by this set of parameters.
Partially Reconstructed GaAs So far, we focused on the dependence of facet stability
on the two inaccurately known parametes γLV and β. In the following, changes in γSV
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are also considered. The employed set of γSV values are based on complete reconstruc-
tion of all GaAs surfaces. When nanowires have (nano-) facets which span over sev-
eral monolayers (as observed for {111}A &{1¯1¯1¯}B facets), there is expected to be enough
space for the considered reconstructions to occur. To be precise, the lateral surface of the
topmost monolayer itself may not be completely reconstructed, but its presence should
allow a better reconstruction of the lateral surface below it, provided that both parts have
identical orientation. Of the considered reconstructions, i.e. (111)A (2x2) Ga vacancy,
(111)B (2x2) Ga adatom, and (001) β2(4x2), the latter has the largest unit cell.‡ Further-
more, {001} facets must consist of only one monolayer, when they are components of
{112¯} facets.149 Then, there surely is insufficient space for the (4x2) reconstruction consid-
ered so far and an energetically less favourable surface has to be expected. Figure 5.10b
presents a calculation for which the (100) surface energy was increased to an arbitrary
value γ(100)SV = 1.3 J/m
−2, while the γSV values for the other orientations remain as be-
fore.
An extended stability region of {1¯1¯1¯}B facets results, which is in accordance with the
experimental observation. Furthermore, the estimation of the average contact angle bas-
ing on β∗ (130◦ at γLV = 1.5 J/m2) also predicts {1¯1¯1¯}B facets. This plot demonstrates
the effect of reconstructions on facet stability. Detailed DFT calculations of surface recon-
structions near the nuclei edge would be necessary to decide on the applicability of this
consideration.
Extrinsically Reconstructed GaAs Finally, we consider the effects of reconstructions
with foreign atoms, which can have a strong effect on the surface and interface energies,
particularly γSV . It was already noted that crystal structure and side facets of nanowires
‡The lowest energy GaAs (110) surface is not reconstructed but only relaxed.
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can change in the presence of foreign material, such as by the introduction of Zn origi-
nally intended for doping.74,160
Here, we consider the effect of a foreign material, which is always present during Au-
assisted VLS growth: Au. In particular, stabilization of {1¯1¯1¯}B sidewalls by a reconstruc-
tion with Au atoms should be considered, since it has been reported that Au particles
transferred by colloids onto a GaAs(111)B surface wet the surface between the droplets
upon annealing and a (
√
3×√3)R30◦ Au reconstruction of GaAs(111)B results.161
The GaAs(111)B surface energy has been estimated to be reduced by approximately
8 meV/Å2 when compared to that terminated with Ga adatoms, i.e. γSV({1¯1¯1¯}B) =
0.98 J/m2.162 Unfortunately, similarly detailed data is not available for the interaction of
Au with the other GaAs surfaces. While further stabilization of the non-polar as-cleaved
(110) surfaces appears unlikely, the polar (100) surfaces can also be expected to recon-
struct with Au.
Using the Au-reconstructed γSV for {1¯1¯1¯}B and the intrinsically reconstructed γSV for
all other surfaces, the facet stability diagram is calculated again and presented in Fig-
ure 5.10c. A region of stability for the Au-reconstructed {1¯1¯1¯}B exists, although it is
rather small. Nevertheless, it should be sufficient for the formation of {111}A &{1¯1¯1¯}B
and {112¯} facets to occur. Thus, there is some indication that the experimental observa-
tion of polar facets for Au-assisted nanowire growth could also be explained by Ga-rich
conditions and a GaAs(111)B (
√
3×√3)R30◦ reconstruction with Au.
From the study of the Au-assisted VLS under Ga-rich conditions it becomes clear that
surface reconstructions have a decisive effect on facet stability. Unfortunately, we cannot
experimentally determine which reconstructions are actualised for the nanowire facets
during their growth. The calculations contradict composed {111}A &{1¯1¯1¯}B facets when
the complete set of Ga-rich reconstructions is considered, but predict them when partial
and extrinsic reconstructions are considered. Furthermore, the surface energy is expected
to depend on the size of the facet, in particular for composed (nano-)facets. In order to
clarify the matter, a theoretical study of the possible intrinsic and extrinsic (Au-induced)
reconstructions next to a facet edge would be of great help.
5.5. Summary
Motivated by the importance of the surface orientation for electronic transport and opti-
cal properties, radial heteroepitaxy, as well as crystalline quality, the side facets of GaAs
nanowires have been analysed.
A separate analysis has been performed for the two different crystal structures of the
GaAs nanowires. For WZ, two possible facet orientations are conceivable, i.e. a-plane
{101¯0} and m-plane {112¯0}. The {101¯0} orientation is predicted to be most probable
basing on its lower surface energy. This is in accordance with the experimental findings
for Au-assisted VLS growth. For self-assisted VLS grown nanowires, the same WZ facet
orientation is predicted, but no experimental data are available for comparison.
For nanowires with the ZB crystal structure, the situation is more involved, since de-
composition into nano-facets has been observed. Experimental data for nanowires grown
by the self- and the Au-assisted VLS mechanism show mutually different side facets.
ZB GaAs nanowires grown by the self-assisted VLS mechanism under Ga droplets are
always observed to have non-polar {11¯0} side facets. For the necessary Ga-rich con-
ditions, this surface has the lowest energy of all surface orientations of ZB GaAs. The
well-accepted VLS monolayer nucleation model is employed for a detailed calculation
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of the nucleus formation probabilities depending on the lateral facet. It is demonstrated
that the most probable facet can more simply be calculated by a minimization of the lat-
eral surface energy associated with each facet. This alternative approach is employed to
study the dependence on two parameters, which are only inaccurately known, i.e. the
contact angle β and the liquid-vapour surface energy γLV . The calculations theoretically
affirm that {11¯0} side facets are the most stable for the probable range of β, whose ex-
act value during growth is unknown. The result of the calculation can qualitatively be
understood in terms of the rather low value of γGaLV , which makes the energy gain by
forming outwards tilted sidewalls small. Thus, the formation of vertical {11¯0} side facets
is energetically most favourable.
For Au-assisted GaAs nanowires with ZB crystal structure, vertical {112¯} extended
facets as well as tilted {111} and {001} nano-facets have experimentally been found.
These inclined GaAs facets have higher surface energies than the {11¯0}, but the obser-
vations can be explained by a consideration of the nanowire droplet contact angle β and
the large γAu-GaLV . The energy gained by an upwards-shift of the liquid droplet during
facet growth can overcompensate the higher energy cost for tilted facets provided β is
sufficiently large. Our analytical formulation and quantification leads us to the finding
that this overcompensation can indeed be effectuated during growth using Au droplets.
For the detailed analysis, different ambient conditions have been considered.
Under As-rich growth conditions, nuclei with outwards-inclined {1¯1¯1¯}B and {001¯}
facets are predicted. From these, the formation of nanowires with composed facets ({111}
and {001} or {111}A &{1¯1¯1¯}B) or extended {112¯} facets can be explained. The facet
changes between the segments are induced by changes in β caused by the growth of
inclined facets. Under Ga-rich conditions, which may also be present during Au-assisted
VLS growth, a first direct calculation cannot predict the observed {1¯1¯1¯}B side facets.
Taking additional uncertainties in the solid-vapour surface energies γSV into account,
we propose two possibilities. Allowing for an incomplete reconstruction of the lateral
surfaces during growth, we have calculated the effect of an increased surface energy
for the {001} facets, which have the largest reconstruction unit cell. Alternatively, the
reconstruction of GaAs(111)B with Au, which has been reported to reduce the surface
energy, is considered. Both possibilities result in the stability of {1¯1¯1¯}B as well as {001¯},
in accordance with the experimental observations.
As a result, the orientation of side facets is affected by the choice of liquid droplet mate-
rial. This is understood to originate from the comparably low γLV of liquid Ga droplets,
such that the vertical {11¯0} facets prevail, while γLV of Au-Ga droplets is sufficiently
high to stabilize inclined facets.
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6. Suitability for Optoelectronic Applications
The central difference between the two nanowire growth methods under study is the
presence or absence of Au during the growth process. When incorporated, Au is a deep
centre in many semiconductors including GaAs, which drastically reduces the carrier
lifetime and thereby diminishes device performance.163–165 Therefore, the incorporation
of Au could have grave consequences for the application of nanowires grown by the
Au-assisted VLS mechanism.
The minority carrier lifetime τ of Au-assisted nanowires has repeatedly been mea-
sured at cryogenic temperatures.166,167 When the nanowires were capped with a shell
of (Al,Ga)As, in order to reduce the large surface recombination of the free GaAs surface,
τ was found to reach close to the maximum possible value represented by the radia-
tive (free exciton) lifetime τr, which lies between 1 and 10 ns for GaAs at temperatures
below 10 K.168,169 However, at room-temperature, when even longer τ can be expected
for GaAs/(Al,Ga)As heterostructures,170 the only available report for GaAs/(Al,Ga)As
core-shell nanowires (which were grown by the Au-assisted VLS mechanism) resulted in
substantially shorter τ below 20 ps.171 These short τ might indeed cause some concern,
since for most applications the room-temperature performance is relevant, and it raises
the question whether Au-assisted GaAs nanowires are suitable for optoelectronic devices
at all. For self-assisted GaAs nanowires, no comparable data was previously available.
Here, the potential of GaAs nanowires grown by both methods for actual optoelec-
tronic applications is examined.172 In Section 6.1, the growth and morphology of GaAs-
(Al,Ga)As core-shell nanowires is presented. The results of continuous-wave and time-
resolved photoluminescence (PL) spectroscopy at room temperature are presented in Sec-
tion 6.2. From these data, the minority carrier lifetimes τ are determined and the relation
to the internal quantum efficiency η, the central figure-of-merit for optoelectronic devices,
is pointed out. Finally, Section 6.3 presents additional measurements of the thermal acti-
vation energy of a recombination centre found in the Au-assisted nanowires, in order to
facilitate its identification.
6.1. GaAs/(Al,Ga)As Core-Shell Nanowires
In order to disable the dominant non-radiative recombination at the free GaAs surface,
the GaAs cores were surrounded with (Al,Ga)As shells. This is of particular importance
for room-temperature luminescence, since, in general, non-radiative recombination pro-
cesses are temperature-activated.
6.1.1. Growth
GaAs/(Al,Ga)As nanowires were fabricated in the Au-chamber of M6 using the Au- as
well as the self-assisted growth methods described in Chapter 3 before. After the stan-
dard growth of the GaAs nanowire cores, the (Al,Ga)As shells were grown under an
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additional Al flux while the Ga and As4 fluxes as well as the temperature remained con-
stant. For each mechanism, three samples were fabricated, their PL spectra and transients
were measured, and it was found that they behave comparably. For a detailed analysis,
one sample grown by each growth mechanism was chosen and will be presented in the
following. The Au-assisted nanowires were grown using JAs = 5 s−1nm−2, JAs/JGa = 2 at
substrate temperature TS = 500◦C on deoxidized Si(111) substrates covered with Au nan-
odroplets. The self-assisted nanowires were fabricated using JAs = 5 s−1nm−2, JAs/JGa
= 1 at TS = 580◦C on Si(111) with remaining native oxide. For both samples, a shell
of nominally Al0.1Ga0.9As was grown after 30 min of GaAs growth for another 30 min
under an additional Al flux JAl = JGa/10 without any change in TS, JGa or JAs.
6.1.2. Morphology
Figure 6.1.: Morphology of Au- and self-assisted GaAs/(Al,Ga)As core-shell nano-
wires. a, b, Scanning electron micrographs of (a) Au-assisted and (b) self-
assisted GaAs/(Al,Ga)As core-shell nanowires on Si(111), insets show mag-
nifications of the top and foot region.
Figure 6.1 shows SEM micrographs of one sample for each growth method. The Au-
assisted nanowires are shorter and thinner but stand closer than the self-assisted ones.
As was observed before (see Fig. 3.6), the Au-assisted nanowires have a pencil shape,
that arises from comparably small Au droplet diameters (around 10 nm, below the res-
olution of the micrograph) in conjunction with radial growth of the nanowires. Along
the lower 3/4 of their lengths of 5± 1 µm, the Au-assisted wires have uniform diameters
of 68± 12 nm, and above they are obviously tapered. Their average number density is
5 µm−2. The Au-assisted core diameters were determined to be 42± 7 nm by statistical
analysis of SEM measurements.
In contrast, Ga droplets are clearly observable at the tip of the self-assisted nanowires,
which show uniform diameters of 150± 25 nm along their entire lengths of 9± 1 µm.
Their average number density is 1 µm−2. The diameters of the self-assisted GaAs cores
were determined to be 106± 18 nm. Error values represent the standard deviation be-
tween different nanowires on the same sample.
90
6.2. Internal Quantum Efficiency
6.2. Internal Quantum Efficiency
The internal quantum efficiency η is the central figure-of-merit expressing a material’s
potential for optoelectronic applications. For example, the value of η determines the
threshold current density of injection laser diodes, the luminous efficacy of light-emitting
diodes, and the power conversion efficiency of solar cells. Experimentally, η is propor-
tional to the spectrally integrated intensity I of the spontaneous emission of the semicon-
ductor,
η ∝ I, (6.1)
and is thus in principle accessible by recording its steady-state (continuous wave) PL
spectrum. However, I is also affected by a multitude of other factors including the sample
geometry and the coupling efficiencies of light into and out of the material. Since η may,
in general, be written as
η = τ/τr, (6.2)
with the minority carrier lifetime τ and the radiative lifetime τr (which is constant for a
given doping level), it can be measured independently by time-resolved PL upon pulsed
excitation. In contrast to the steady-state intensity I, τ is neither affected by volume nor
by the coupling of light into and out of the structure. Thus, the relevant quantities are
attainable by all-optical measurements. In this way, the data were obtained independent
of any electrical contacts and any ambiguities inherent in electrical measurements are
avoided.
6.2.1. Continuous-Wave Photoluminescence
Figure 6.2a shows the room-temperature micro-PL (µPL) spectra of the two represen-
tative samples measured side-by-side under identical conditions. The integrated PL
intensity I of the self-assisted nanowires is larger than that of the Au-assisted nano-
wires by more than two orders of magnitude. The spectral positions of the bands at
1.429 eV, 1.446 eV and 1.522 eV correspond to radiative recombination in GaAs in the
zincblende (ZB) phase for the self-assisted nanowires, as well as in GaAs and AlxGa1−xAs
(x = 0.06 ± 0.01) in the wurtzite (WZ) phase for the Au-assisted nanowires, respec-
tively.173,174 The fact that different polytypes are obtained by the Au- and self-assisted
growth techniques is typical for nanowire growth under these conditions, see Sections
3.1.2 and 3.2.1.
The observation of PL emission from the Al0.06Ga0.94As barrier in the Au-assisted case
is unusual. In contrast, no barrier emission is observed for typical planar GaAs/(Al,Ga)As
double heterostructures (DHs), i.e. thick GaAs layers between (Al,Ga)As barriers. This
can be understood by considering the minority carrier lifetime τ separately for layer
(core) and barrier (shell) and neglecting differences of geometry and light coupling. While
τ in the GaAs layer is typically of the order of nanoseconds for planar DHs (see Figure 6.3
below), in the barrier it is limited by the characteristic time for carrier diffusion into the
layer (typically picoseconds). Thus, τ is several orders of magnitude larger in the layer
than in the barrier, which by virtue of equations (6.1) and (6.2) leads to a proportionally
larger PL emission in typical planar double heterostructures. As a result, layer emission
outshines that of the barrier. For the Au-assisted nanowires, both core and shell show
equally strong PL. Thus, τ is equally short for core and shell and similar to the carrier
diffusion time. A minority carrier lifetime in the picosecond range is thus expected for
the GaAs core grown using Au. In the following direct measurements of τ are presented.
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Figure 6.2.: Photoluminescence spectra and transients of Au- and self-assisted
GaAs/(Al,Ga)As core-shell nanowires. a, µ-PL spectra of the Au-assisted
and the self-assisted nanowires at room temperature. The spectra were
recorded under identical excitation conditions. The integrated intensity for
the self-assisted nanowires is larger than that for the Au-assisted ones by
more than two orders of magnitude. Band-to-band transition energies of
ZB and WZ GaAs as well as WZ AlxGa1−xAs with x = 0.06 are indicated.
The spectra have been recorded by O. Brandt. b, µ-PL transients for the
Au-assisted and the self-assisted nanowires at room temperature. The inset
shows a the Au-assisted nanowire transient on an adjusted axis. Solid lines
represent fits to the data. The obtained minority carrier lifetimes differ by
more than two orders of magnitude. The transients have been recorded by T.
Flissikowski.
6.2.2. Minority Carrier Lifetimes
Figure 6.2b displays PL transients of the two representative samples obtained by time-
resolved PL spectroscopy at the energy of the band-to-band recombination of the respec-
tive polytype of GaAs. At room temperature, the recombination processes in GaAs are
dominated by free-carrier recombination. PL decay kinetics characteristic for bimolecular
recombination of free carriers are described by
I(t) ∝ {e−t/τ/[1+ α(1− e−t/τ)]}2, (6.3)
where α is the dimensionless effective injection level. The derivation is described in de-
tail in the PhD thesis of Carsten Pfüller.175 By least square fits to the transients, a carrier
lifetime of τS = (2.5± 0.1) ns and α = 5.2 was extracted for the self-assisted nanowires,
while τA = (9± 1) ps results for the Au-assisted nanowires. The latter value is essentially
identical to the one reported earlier for Au-assisted GaAs/(Al,Ga)As core-shell nano-
wires grown by metal-organic vapour phase epitaxy (MOVPE).171 For the Au-assisted
nanowires, the fit includes the convolution with the apparatus function and yielded α ≈ 0
indicating a single exponential decay.
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Figure 6.3.: Comparison of GaAs/(Al,Ga)As core-shell nanowires and planar double
heterostructures (DH). Minority carrier lifetimes for core-shell nanowires on
Si substrates (filled circles, this work), Au-assisted core-shell nanowires (open
circle)171, planar DH on GaAs substrates (squares)170, and planar DH grown
on step-graded Ge/(Ge,Si) buffer layers on Si substrates (diamonds)176 are
shown as a function of the GaAs dimension, i.e. the nanowire core diameter
or the layer thickness without barriers. Fits (solid lines) for planar DH are
shown as well as extrapolations (dashed lines) to core-shell nanowires with
identical bulk and surface recombination parameters. While our self-assisted
nanowires do not yet reach the quality of planar DH on GaAs, they are al-
ready better than the extrapolation for planar DH on Si. The optoelectronic
material quality at room temperature of Au-assisted nanowires is consider-
ably lower.
6.2.3. Comparison with Planar Double Heterostructures
In order to compare the lifetimes obtained here with those for planar heterostructures,
we recall that the effect of interface recombination on τ is described by
1/τ = 1/τb + nS/d, (6.4)
where τb is the bulk minority carrier lifetime, S is the interface recombination velocity,
n equals 2 for planar geometry and 4 for nanowires with square or circular cross sec-
tion, and d is the nanowire core diameter or layer thickness, respectively.177,178 While
the free GaAs surface is characterized by a large surface recombination velocity of S =
3× 107 cm/s,179 much lower values can be obtained when the GaAs was covered with
(Al,Ga)As. For state-of-the-art planar GaAs/(Al,Ga)As double heterostructures (DH)
grown by MBE, S = 250 cm/s and τb = 0.8 µs were reported.170
Figure 6.3 depicts the results of our measurements in the context of literature data for
planar DHs representing the state of the art of planar growth by MBE. The lifetimes for
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homoepitaxially grown DHs on GaAs(001) as well as heteroepitaxially grown DHs on
Si(001) using step-graded Ge/(Ge,Si) buffer layers are shown together with fits (solid
lines) using the above equation, n = 2, and the values for S and τb that were extracted by
the original authors.170,176 Substitution with n = 4 yields extrapolations (dashed lines)
for nanowires with identical interface and bulk quality. It follows that lifetimes between
0.2 and 10 ns should be expected for GaAs/(Al,Ga)As core-shell nanowires on Si with d
between 40 and 100 nm.
6.2.4. Discussion
It is the central result of this study that only the self-assisted nanowires exhibit a mi-
nority carrier lifetime comparable to that expected for material of state-of-the-art qual-
ity. Moreover, the lifetime obtained for the self-assisted nanowires, τS, is larger by more
than two orders of magnitude than the one measured for the Au-assisted nanowires, τA.
This factor directly reflects the ratio of the internal quantum efficiencies η and also corre-
sponds to the ratio of the PL intensities obtained in steady state. This drastic difference in
minority carrier lifetime between nanowires synthesized using the Au-assisted and the
self-assisted growth modes is observed for all analysed samples without exception.
Figure 6.3 reveals furthermore that non-radiative recombination at the interfaces in-
fluences the minority carrier lifetime even of state-of-the-art GaAs structure as long as
d < 10 µm. Evidently, an additional, highly efficient non-radiative recombination chan-
nel exists in the Au-assisted nanowires that drastically reduces the internal quantum ef-
ficiency of these structures. The obvious question is about the nature of this additional
channel. Its effect is far too large to be explained by the 80◦C lower growth tempera-
ture.180 As a matter of fact, self-assisted nanowires grown at 540◦C exhibit the same long
lifetimes and the same high PL intensity as those grown at 580◦C. A common growth
temperature does not exist for the two growth modes used in this study: only very few
Au-assisted nanowires nucleate at growth temperatures above 500◦C (see Sect. 4.1.2),
while no growth of self-assisted GaAs nanowires was achieved below 540◦C.
The most straightforward and plausible explanation for our finding is that (i) Au is
in fact incorporated into the nanowires during Au-assisted VLS growth and (ii) acts as
non-radiative recombination centre. Concerning incorporation, Au is of course present
in abundance at the growth front during Au-assisted growth. The solid solubility of Au
in GaAs is 2.5× 1016 cm−3 at 900◦C.181 This value may appear low, but a concentration of
1016 cm−3 still corresponds to one Au atom every 80 nm of length for a 40 nm diameter
GaAs nanowire core. Given that the ambipolar diffusion length in GaAs is 0.69 µm,182
all photoexcited carriers could indeed reach a Au centre. In Si wires, grown by the Au-
assisted VLS mechanism, whose diameters of around 2 µm allowed SIMS analysis of
the wires without disturbance by the Au droplets at the top, Au concentrations in the
1016 cm−3 range were detected in the wire core, which corresponds to the thermody-
namic solid solubility level.16 In the same study, Au concentrations exceeding 1019 cm−3
were found at the lateral nanowire surfaces. Au may produce deep-level, carrier recom-
bination centres in Si, drastically reducing the minority carrier lifetime.
6.3. Activation Energy of Recombination Centre
Dramatic reductions in minority carrier lifetime (and thus η) are usually caused by elec-
trically active defects. The influence of the surface, which can be regarded as a planar
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defect, has been discussed above. In the Au-assisted nanowires, an additional recom-
bination centre was found, which might be located at the core-shell interface or in the
core volume. By their ionization energy EI , electrically active defects are traditionally
grouped into two categories:
Hydrogenic (or shallow) impurities can be described by an electronic wave function that
extends over many primitive unit cells. To describe them, the effective mass ap-
proximation can be used and then the motion of the impurity electron or hole is
equivalent to that of the electron in the hydrogen atom.183 As a result, shallow im-
purities have small ionization energies (EI . kT at room temperature) and control
the number of charge carriers. SiGa, GeGa, SAs, and SeAs are examples of shallow
donors in GaAs, while SiAs, GeAs, CAs, ZnGa, and BeGa are shallow acceptors. In
direct semiconductors, electronic transitions involving hydrogenic impurities are
radiative, such that they can be identified by their characteristic emission energy in
luminescence experiments.173
Deep centres have a strongly localized wave function and are typically accompanied by
lattice relaxations. Both the impurity atom and the lattice atoms surrounding it can
be involved in the relaxation. Thus, the effective mass approximation breaks down
and a detailed understanding of deep centres is challenging both experimentalists
and theoreticians.183 Recombination involving a deep centre is often non-radiative,
since energy can be dissipated by phonons. Commonly, deep centres have high
ionization energies (EI  kT) and their energy levels lie deep in the band gap.
In contrast to hydrogenic impurities, the deep centre energy level (or deep level)
depends on its electron occupancy. From the analysis of defect-assisted recombi-
nation, it becomes clear that the recombination rate increases the closer the defect
level lies to mid gap.184 As a result, deep centres can be efficient non-radiative re-
combination centres, which strongly reduce carrier lifetimes.
During Ga-assisted VLS growth of GaAs nanowires, only native defects can be created.
The physics of native point defects and their solubilities in GaAs was comprehensively
reviewed by Hurle.185,186 Native defects can be shallow (e.g. VAs) or deep (e.g. AsGa, the
so-called EL2 defect187). The concentration of native defects can be well controlled during
MBE growth, as attested by the long minority carrier lifetimes presented in Fig. 6.3.
Considering the behaviour of Au or a Au-related complex as a deep non-radiative
recombination centre, we can examine its characteristic thermal activation energy EA,
which is related to the ionization energy EI . However, care must be taken, since differ-
ences exist between the activation energy for thermal capture of a free electron (probed
by PL), the thermal equilibrium depth (e.g. probed by Hall measurements), and the ther-
mal activation depth corresponding to the energy needed to surmount the energetic bar-
rier between the bound and the free state (e.g. determined by deep-level transient spec-
troscopy (DLTS) measurements).188 Furthermore, activation and ionization energies of
deep centres often depend on its charge state. This is demonstrated for Au impurities in
Si, which form acceptor states at EC − 0.54 eV and donor states at EV + 0.35 eV in n-type
and p-type silicon, respectively.15
A deep acceptor level with EA of 405 meV was found by temperature dependent Hall
measurements after the diffusion of Au into n-type GaAs and a shallow acceptor level
with EA of 50 meV also appeared.164 The deep level at 400 meV was confirmed by DLTS,165
while a level at 40 meV had been observed earlier by temperature-dependent photocon-
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Figure 6.4.: Thermal activation energies. Temperature-dependence of the integrated
PL intensities I of self-assisted and Au-assisted GaAs/(Al,Ga)As core-shell
nanowires plotted in (a) double logarithmic representation, and (b) in a form
suitable for the determination of activation energies. Linear fits to the low-
temperature side in (b) yield activation energies of 4.3 meV, which correspond
to the exciton binding energy in GaAs. A linear fit to the high-temperature
side in (b) is possible only for the Au-assisted sample. The obtained energy
of 77 meV is attributed to the thermal activation of carrier capture by a deep
centre. The temperature-dependent PL measurements have been performed
in cooperation with C. Pfüller.
ductivity.189 Another study of temperature-dependent Hall coefficients showed an ac-
ceptor level at 90 meV but this could not be reproduced.190,165
Here, we probe the thermal activation energy of the capture of free carriers by a deep
centre using temperature-dependent cwPL, for which we expect similar EA as in the
above reports.
6.3.1. Temperature-dependent PL
Figure 6.4a shows the temperature (T) dependence of the integrated PL intensities IS and
IA for the self- and the Au-assisted nanowires, respectively. For low temperatures, both
IS and IA saturate, indicating that η is basically unity at 10 K.
Even state-of-the-art planar heterostructures show non-radiative recombination at the
interfaces (as can be seen in Fig. 6.3). Assuming that the interface recombination is
independent of T, this leads to a variation of η with 1/τr and thus approximately as
T−3/2,191,177 which is close to what we observe for the self-assisted nanowires. For the
Au-assisted nanowires, IA falls off more rapidly with T, indicating a strongly temperature-
activated non-radiative recombination channel. Close to room temperature, IA is, as al-
ready reported above, more than two orders of magnitude smaller than IS.
In Figure 6.4b, the data are presented such that the activation energy EA can be de-
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termined from a linear slope similar to an Arrhenius plot, where I0 is the PL intensity
interpolated to 0 K. Using equations (6.1), (6.2) and 1/τ = 1/τr + 1/τnr, where τr and τnr
are the radiative and non-radiative lifetime, respectively, one arrives at
I ∝ 1/(1+ τr/τnr). (6.5)
When only the non-radiative recombination is thermally activated, its rate depends on
the temperature T as 1/τnr = 1/τ∞nr exp(−EA/kT), where EA is the activation energy,
and 1/τ∞nr is the non-radiative recombination rate at very high T.192 Thus,
I(T) =
I0
1+ τr/τ∞nr exp(−EA/kT)
, (6.6)
where I0 is the intensity extrapolated to 0 K. As a result, EA can be determined from the
linear slope in the plot of log(I0/I(T)− 1) versus 1/T.192,193,175
Towards lower T, both samples show the same behaviour with an EA corresponding to
the exciton binding energy in GaAs (4.2 meV). At higher T, however, only the Au-assisted
nanowires exhibit an activated quenching with EA = (77± 2) meV. A non-radiative deep
recombination centre present only in the Au-assisted nanowires is thus identified.
6.3.2. Discussion
In accordance with the earlier observation of the low η in the Au-assisted nanowires, a
deep centre was identified in these nanowires. This is further indication for impurity
incorporation from the Au droplets during VLS growth. A thermal activation energy of
77 meV has been determined for the first time. No comparable data exist for the thermal
PL activation in Au-doped GaAs.
The microscopic nature of the observed centre, i. e. whether it is due to substitutional
Au, a Au-related complex or a Au-induced secondary centre, cannot be clarified in the
present work. Such specifics on Au-related non-radiative recombination centres in GaAs
are not presently available and are probably rather complex.181,194,183 Furthermore, we
cannot distinguish whether the centre is situated in the GaAs core or at the core-shell
interface.
However, for all practical purposes, these details are quite inconsequential. Instead, it
is most important that the detrimental centre is not present in the self-assisted nanowires,
since we invariably observe a high internal quantum efficiency for nanowires grown by
this technique. At the same time, all Au-assisted nanowires we have investigated, in-
dependent of the details of the growth conditions, suffer from very strong non-radiative
recombination at room temperature.
6.4. Summary
Only the self-assisted nanowires exhibit a room-temperature minority carrier lifetime
(and thus an internal quantum efficiency) comparable to the expectations for state-of-the-
art material quality. The minority carrier lifetime for the Au-assisted nanowires is more
than two orders of magnitude shorter than that, and this difference is directly reflected
in the PL intensity of these structures. We interpret this drastic quenching as being due
to the non-negligible incorporation of Au, an efficient non-radiative centre, into nano-
wires grown under the assistance of Au droplets. Thus, the use of Au-assisted GaAs
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nanowires for optoelectronic applications appears questionable, while their self-assisted
counterparts do have promise.
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Nanowires have gained wide attention during the last decade, because they allow the
growth of strain-free semiconductor material with high crystalline quality essentially in-
dependent of the substrate.5,6 In this way, the strong restriction to closely lattice matched
systems that is imposed on traditional planar heteroepitaxy18 can be lifted.
However, the physical properties of the resultant nanowires may depend on details of
the growth process. In particular the common usage of Au during VLS nanowire growth
causes concern in view of prospective application of the nanowires in electronics and
optoelectronics, since Au is a deep recombination centre in many semiconductors, which
can drastically reduce the minority carrier lifetime.15 Alternatively, GaAs nanowires can
be grown Au-free on substrates covered by thin SiOx, which promotes the formation of
Ga droplets that replace the Au.
In this thesis, the integration as nanowires of the prototypal compound semiconductor
GaAs with the quintessential semiconductor substrate Si is studied in detail. The main
aims were as follows:
• to grow GaAs nanowires on Si substrates using the Au- and the self-assisted VLS
mechanism,
• to compare the physical properties of the nanowires, including morphology, crystal
structure, and luminescence, as well as to analyse their nucleation behaviour, and
• to develop a theoretical understanding of the origin of specific properties that were
found to differ between the nanowires growth by the two methods.
GaAs nanowires have been grown by the Au-assisted VLS mechanism on Si(111) and
also on GaAs(111)B substrates, as well as by the self-assisted method on Si(111) sub-
strates. In all cases, the nanowires are epitaxially well aligned in the [111] direction, i.e.
perpendicular to the substrates, in agreement with earlier studies.46 No residual strain
can be found by HR-TEM at a distance d, similar to the nanowire diameter, away from
the interface. This confirms the mechanical Principle of St. Venant, which concerns the
strain release in any clamped rod.
All our Au-assisted VLS grown GaAs nanowires predominantly adopt the WZ crystal
structure, with very short sections of ZB at the very bottom and sometimes also a the tip,
in agreement with the monolayer nucleation model of Glas et al.67 In contrast, the self-
assisted nanowires are predominantly ZB and include several twin planes. Some samples
show short WZ segments located in a region close to the nanowire ends, in agreement
with similar observations reported by other authors.63,153
During the growth of Au-assisted nanowires, a highly defective planar basal layer
forms, which traps a fraction of the Au in clusters at the interface. For self-assisted nano-
wires, parasitic growth can be reduced to 1/4 of the total incident supply, by adopting
stoichiometric V/III supply flux ratio and low growth rates, but melt-back etching of the
Si substrate has been observed at the basal interface.
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The early stage of nanowire growth has been studied and reveals a strong dependence
on the growth method. By the self-assisted VLS mechanism on Si(111) substrates, the
majority of the GaAs grows immediately in the vertical [111] direction and forms well
separated nanowires with very little parasitic growth in between. In contrast, the Au-
assisted VLS mechanism on Si(111) substrates results in the crystallization of initially
vertically elongated traces of GaAs, which gradually coalesce and cover the substrate
surface, but eventually change growth direction into the vertical. This delayed verti-
cal nanowire growth can be explained by the lower interface energy of the Au droplets
on the free Si(111) substrate surface, when compared with that on the newly formed
GaAs. This is corroborated by the observation that the Au-assisted nanowire nucleation
on GaAs(111)B, on which the droplet-substrate and droplet-nanowire interface energies
are identical, does not lead to trace growth and vertical nanowires form immediately.
Clearly, the initial growth of vertical traces by the Au-assisted method on Si is dis-
advantageous in view of technological applications, since it leads to the formation of a
low-quality intermediate GaAs layer, thus sidestepping the advantage of the nanowire
geometry. In terms of selectivity and reduced parasitic growth, the self-assisted growth
of GaAs nanowires appears to be superior. However, a profound understanding of the
influence of the oxide quality on the formation of Ga droplets and thus on nanowire
growth remains to be achieved.
Caused by the large surface-to-volume ratio of nanowires, the side facets can have very
significant influence on the performance of nanowires in future devices. The side facets of
the Au-assisted and self-assisted GaAs nanowires grown by us have been analysed and
compared with observations reported in the literature. The fascinating result is that the
two methods lead to mutually different side facet orientations for GaAs nanowires with
the ZB crystal structure. Current VLS nanowire growth theory, basing on the monolayer
nucleation model by Glas,67 has been applied in order to predict the dependence of the
facet orientation on the droplet material.
A simple expression has been extracted, which describes the dependence of the lat-
eral energy of nuclei on their side facet orientation. By a minimisation of this lateral
energy, the nucleus with the smallest energy barrier and thus with the highest forma-
tion likelihood has been calculated. The lateral energy of the nucleus depends on the
droplet material via the liquid-vapour surface energy and the nanowire contact angle,
two parameters whose values during growth are not very accurately known, but which
have been estimated. As a result, extended {11¯0} facets are predicted to be most stable
for self-assisted GaAs nanowire growth, while composed (112)-type facets consisting of
{1¯1¯1¯}B, {111}A, and {001} nano-facets are predicted for different sets of plausible con-
ditions for Au-assisted nanowire growth. Both theoretical predictions are in accordance
with the experimental observations.
Finally, the possibly detrimental influence of Au used during nanowire synthesis is
analysed by measurements of the minority carrier lifetime, which can readily be ob-
tained on as-grown GaAs nanowire samples by time-resolved photoluminescence (PL)
spectroscopy. For measurements of the minority carrier lifetime at room temperature,
which is significantly more important for applications than at cryogenic temperatures,
the GaAs nanowires have been capped with a shell of (Al,Ga)As in order to disable the
large surface recombination of the free GaAs surface.
GaAs/(Al,Ga)As core-shell nanowires have been fabricated by the Au- and the self-
100
assisted VLS mechanism with a nominal Al content of 10%. Their minority carrier life-
times have been measured by time-resolved PL at room-temperature. While the self-
assisted nanowires show lifetimes that reach the nanosecond range expected for high-
quality GaAs/(Al,Ga)As material with these dimensions, the values for the Au-assisted
nanowires lie in the low picosecond range, but nevertheless agree with other reported
room-temperature lifetimes for Au-assisted GaAs/(Al,Ga)As core-shell nanowires, which
were grown by MOVPE.171 Since the effect is far too strong to be explained by the slightly
different diameters and growth temperatures of the nanowires, an additional non-radiative
recombination channel is concluded to be present in the Au-assisted nanowires.
Further measurements of the temperature-dependent PL intensity reveal that this ad-
ditional channel in the Au-assisted nanowires is thermally activated, which is typical for
non-radiative recombination at deep centres. We conclude that Au, which is a deep level
in GaAs,164,165 is indeed incorporated into the nanowire during growth and functions
as a non-radiative recombination centre. The incorporated Au concentration is proba-
bly small since the solid solubility of Au in GaAs lies in the 1016 cm−3 range.181 How-
ever, non-radiative recombination at deep centres is a highly efficient process. Thus, the
suitability of Au-assisted nanowires for optoelectronic applications must be questioned,
while the self-assisted wires show promise.
In conclusion, we find that GaAs nanowires grown by the self-assisted method have
more appealing characteristics for device applications. They grow in standard MBE sys-
tems without the need for an additional Au cell. The nucleation of vertical nanowires is
immediate and any parasitic growth between them can be reduced to a small fraction of
the total GaAs volume. The stability of extended vertical {11¯0} side facets completely
avoids the formation of composed inclined side facets, whose growth can lead to twin
plane defects. Most importantly, only the self-assisted nanowires have minority carrier
lifetimes that can compete with planar double heterostructures.
In contrast, the Au-assisted GaAs nanowires are superior in minor aspects only. The
easy growth of long nanowire segments with pure WZ crystal structure makes them suit-
able for a detailed analysis of the optical and electronic properties of WZ GaAs. The for-
mation of (112)-type side facets, that are composed from {111}A &{1¯1¯1¯}B segments sep-
arated by twin planes, can be used for the controlled growth of twin plane superlattices,
which does not appear to be possible by self-assisted growth. Therefore, the Au-assisted
mechanism might still be useful for more fundamental investigations. Nevertheless, the
self-assisted mechanism appears to be vastly more advantageous for technological appli-
cations.
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A. Appendix
A selection of experimental methods are presented here. The basics of molecular beam
epitaxy, the technique most central to this work, are briefly discussed in Section 2.1.1. It
is followed by a more detailed description of the calibration of substrate temperature and
particularly beam flux measurements in Section A.1. Different methods for the prepara-
tion of an clean Si substrate surface are presented in Section A.2.
A.1. Calibration of MBE Machine
Central MBE parameters such as sample temperature and beam fluxes cannot simply
be measured with good accuracy in a straight-forward fashion. Care has to be taken to
ensure that measurements of these data can be compared between different growth runs
and between different MBE machines.
Temperature Calibration
The calibration of substrate temperatures TS during growth is a standard issue, since the
standard thermocouples that measure TS at the sample back side regularly deviate from
the real temperature by more than 100◦C. Thus, on the Si substrates, the substrate tem-
peratures TS were measured by pyrometers: Ircon Modline Plus in the Au chamber and
Quasys ML-AAPX/090 in the V/III chamber. On GaAs substrates, which were used for
comparative experiments and calibration layers, TS was calibrated using the observation
by RHEED of the oxide desorption at the exact temperature of Tdes. = 582◦C.195 The error
in the measurements of TS is expected to be 10 K.
Source Calibration
Although the flux J of a molecular beam (number of particles per unit time and area) can-
not directly be measured, a derived quantity can. The beam equivalent pressure (BEP) of the
source element X, pX, is the pressure measured by a (Bayard-Alpert) hot cathode ioniza-
tion gauge when moved to the sample position. BEP readings are sufficient to reproduce
the growth conditions within one MBE chamber over time. However, experimentally
determined BEP values depend on the position of the ionization gauge, the condition of
filament and collector, and the chamber geometry such that BEP readings from different
MBE chambers cannot meaningfully be compared. For this purpose, a quantification of
the actual fluxes is necessary. In principle, the following relation exists between the ratio
of source fluxes JV/JI I I (flux ratio) and the ratio of measured BEPs pV/pI I I (BEP ratio)
JV
JI I I
=
pV
pI I I
II I I
IV
√
TV
TI I I
MI I I
MV
, (A.1)
where pV and pI I I denote the ionisation gauge readings (BEPs), IV and II I I are the ion-
isation cross sections, MV and MI I I the molecular weights of the beam species, and TV
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and TI I I are the Kelvin temperatures of the species in the molecular beams, of V and III
compound, respectively. The flux ratio JV/JI I I has the advantage that it is more con-
veniently related to growth stoichiometry than the BEP ratio. In practice, however, the
parameters IV and II I I are not known accurately enough to employ the above conver-
sion. Fortunately, there exists an alternative. RHEED oscillations in the arsenic-rich and
gallium-rich regimes can be used to accurately determine the actual incorporation rates
of both gallium and arsenic. How this was done in practice is detailed in the following
section.
Source Flux Calibration using RHEED Oscillations
The Ga and As fluxes can be calibrated using intensity oscillations of RHEED reflec-
tions caused by a periodic variation of the surface morphology during layer-by-layer
growth.196,197 The electron reflectivity and detected RHEED intensity are maximum when
one single layer is completed and minimum when a half-complete layer leads to strong
diffuse scattering. The oscillation period tp corresponds to the growth duration for one
single layer of GaAs, i.e. a complete layer of Ga and As atoms, here d002 = a/2 ' 2.826 Å
in height. Therefore, the growth rate is v = d002/tp and the incorporated flux of each
element is J = v/Ω, where Ω = a3/4 ' 45.168 Å3 is the crystal volume of one Ga-As
pair. Since the growth rate is limited by the smallest supply, the incorporated As flux can
be determined under As-limited (Ga-rich) conditions and vice versa.
Of course, the thus determined incorporated fluxes are not generally identical to the
supplied fluxes which were analysed in the preceding section. In particular for the ar-
senic supply, we would have to account for the dissociation of the incoming As4 and
its limited sticking coefficient, for which a maximum value of 0.5 has been reported.198
However, it is the incorporated fluxes that we are most interested in when comparing
growth conditions.
In order to observe RHEED oscillations in practise, an atomically flat surface with large
terrace widths must be prepared first. We employed on-axis GaAs(001) substrates and
grew a ∼200 nm thick buffer layer in the following way.199 At a substrate temperature
TS = 580◦C, a high value of pAs ≈ 9× 10−6 mbar was set and the As shutter and valve
were opened, while TGa was set to correspond to a low value of pGa ≈ 2× 10−7 mbar.
Pulsed GaAs growth was started by opening the Ga shutter for a 20 s pulse and then
closing it for a 60 s break until opening again. The high pAs4 /pGa ratio led to a As-rich
(2× 4) surface (readily identified by the 4× reflections on a Laue circle in the [11¯0] az-
imuth). During the periods without new Ga arriving, the Ga atoms already present at the
surface have a longer migration length and the chances to find the thermodynamically
most stable arrangement without defects are enhanced.200 Thus, pulsed growth leads to
the formation of smooth (001) terraces even on originally rough surfaces. For typical
as-delivered GaAs(001) substrates, 20 pulses sufficed. Afterwards, TS was increased to
600◦C and pAs was decreased until a 1× reconstruction in the [11¯0] azimuth indicated
(nearly) stoichiometry at the surface. In case that a 2× reconstruction or a even a decreas-
ing RHEED pattern intensity indicated Ga-rich conditions, pAs4 was increased to return
to stoichiometry. Under this new growth condition, a thick buffer layer of high quality
GaAs was grown continuously for 30 min.
The substrate was thus ready for the study of RHEED oscillations. Initially, the desired
pGa was set and the pAs4 was decreased in steps starting from a high value. After opening
of the Ga shutter, layer-by-layer GaAs growth induced RHEED oscillations with decreas-
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ing amplitude. After about six oscillations, the Ga shutter was closed and the surface was
annealed at 600◦C for 5 min before the procedure was repeated for the next value of pAs4 .
Figure A.1.: Calibration of Group III and V fluxes Dependency of growth rate v on pAs4 ,
as determined by RHEED oscillations on GaAs(001). In the As-rich regime,
identified by the (2× 4) reconstruction, v is limited by the constant Ga flux
JGa, such that v = JGa Ω. In the Ga-rich regime, the reconstruction changes
to (4× 2) and v depends on pAs4 . At the threshold marked by a vertical line,
identical fluxes of both species are incorporated and JAs = JGa. Insets show
RHEED patterns for both regimes obtained in the [110] azimuth.
Figure A.1 shows a plot of the planar growth rate v versus pAs4 . Under the As-rich
growth conditions typical for GaAs layer growth, all arriving Ga atoms stick to the sur-
face and are incorporated, such that the planar growth rate v is limited by the incident Ga
flux which was constant. We thus find for example that the Ga supply with BEP pGa =
1.6 × 10−6 torr corresponds to an incorporated Ga flux of JGa = v/Ω ' 9.1 s−1nm−2.
When pAs4 was reduced below a threshold value, the growth rate decreased. At this
threshold, which also corresponds to the transition from As-rich (2× 4) to Ga-rich (4× 2)
reconstruction,155,201 the net incoming fluxes of both elements are just balanced and both
sticking coefficients are maximal. Under this condition, just enough As atoms are avail-
able for every arriving Ga atom to find a reaction partner and JAs = JGa. In this way, it
was found that the arsenic supply with BEP pAs4 = 9.7× 10−7 torr corresponds to a net
arriving atomic As flux JAs = v/Ω ' 9.1 s−1nm−2.
Wherever growth conditions are quoted throughout this work, the net incoming V/III
flux ratio JAs/JGa is given. It is thereby implicitly assumed that the dissociation and
sticking of Ga and As4 do not depend on the surface orientation.
105
A. Appendix
A.2. Silicon Surface Preparation
Substrate cleaning is a basic prerequisite for any epitaxial growth since surface contam-
inants generally create defects in the growing crystals. The preparation of a clean Si
surface needed particular attention since a) Si buffer layer growth was not possible in
our MBE, and b) very high temperatures are required for purely thermal desorption of
oxides and carbides, which cannot be achieved in our MBE machine.
Temperatures around 1200◦C have been employed to clean Si surfaces in UHV en-
vironment,202,203 but they result in unintentional diffusion of impurities and dopants.
Furthermore, crystal defects such as dislocations and stacking faults increase at this very
high temperature. Several approaches have therefore been reported to prepare a clean Si
surface below 900◦C.204
Gallium Polishing
One cleaning strategy that is very simple to use in III-V MBE is the Ga-Polishing proce-
dure, in which the Si substrate is subjected to an atomic Ga beam during or just before the
heating to 800◦C, thereby converting the stable silicon oxide to volatile gallium oxide.92
It was shown that formation of silicon carbides can also be avoided by this procedure.
The detailed Ga-polishing procedure used in our experiments is presented as follows.
b
rms=0.24 nm
0 nm
3 nm
Figure A.2.: Si(111) after cleaning by Ga-Polishing method AFM micrograph (1µm ×
1µm) shows Si(111) atomic terraces decorated with unintentional particles.
1 Degassing of the as-received Si(111) substrates at 300◦C for 30 min in load lock
2 Deposition of ∼ 3 nm of Ga at substrate temperature TS = 500◦C for 1 min
3 Heating to TS = 800◦C for 5-15 min, observation of an increase in the RHEED intensity
A typical AFM image of a Si(111) substrate cleaned by Ga-Polishing is depicted in
Figure A.2. Terraces separated by (multi-)atomic steps have been formed but the surface
is decorated with particles, which may be saw dust remaining from the sawing of the
wafers.
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Chemical Methods
Another group of techniques bases on chemical cleaning of the Si wafers prior to loading,
in order to remove the damaged top Si layer including any contaminants and to form a
thin protective oxide. According to the way in which this oxide is then removed, the
chemical cleaning methods can generally be grouped into hydrophilic and hydrophobic.
The hydrophilic strategy consists in loading the substrates into the MBE with the pro-
tective oxide and removing it by a 800◦C anneal using the reaction Si+ SiO2 → 2 SiO. The
advantage of this strategy is that the protective oxide is inert against reactions with air
and thus this process is rather robust. The main disadvantage of the hydrophilic method
is that it has been associated with a significant contamination of the surface with boron
dissolved from the glassware, which leads to unintentional p-type doping of the Si,205
and an increased roughening of the surface.206
Alternatively, the protective oxide can be chemically removed prior to loading by short
immersion in hydrofluoric acid (HF dip), thus creating a hydrophobic surface terminated
by hydrogen, which is thermally desorbed in UHV at around 500◦C. Thus, every hy-
drophilic cleaning recipe can be converted to a hydrophobic one by adding a final HF
dip. The Si-H hydrogen termination is not stable in air but slowly reacts with ambient
water vapour and oxygen to form Si-OH and native oxide. Therefore, the time between
the HF dip and subsequent loading into UHV must be minimized.
Owing to the enormous technological importance of Si, there are numerous recipes for
its chemical cleaning. Invented in the 1960s by Kern et al. at Radio Corporation of Amer-
ica, the RCA method consists of several chemical steps for removal of surface impurities
and oxidation of the surface.207 It has been improved by Ishizaka and Shiraki, who in-
tentionally split the steps for removal of the damaged Si layer from those for the creation
of the protective oxide, and thereby achieved increased surface purity.204 However, their
process is rather long as it involves 18 chemical steps.
Piranha Solution and Hydrofluoric Acid
In 1998, Miki et al. argued that the quality of Si wafers had sufficiently improved for the
number of chemical Si cleaning steps to be maximally reduced.206 They showed that a
one-step treatment of as-received Si wafers in H2SO4:H2O2 solution (“Piranha solution“)
and subsequent UHV anneal (hydrophilic strategy) led to identical results as did the
Ishizaka-Shiraki method. The surface quality could be further improved by an addi-
tional HF dip (hydrophobic strategy), which reduced the boron contamination by an
order of magnitude. The following steps were thus employed for the Si cleaning with
H2SO4:H2O2 and HF, hereafter called HF-Procedure.
1 H2SO4 (98%):H2O2 (30%) 2:1 for 10 min
2 ultra pure H2O rinse
3 HF(1%) dip, check for hydrophobic surface
4 transport substrate in ultra pure H2O to MBE machine and load within 15 min
Since some substrates had been found to be decorated with unwanted particles (Fig. A.2),
the steps 1-3 were repeated in order to remove more of the contaminated surface includ-
ing the particles. The resultant Si surface morphology is presented in Figure A.3, which
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Figure A.3.: Si(111) after cleaning by Piranha solution and Hydrofluoric Acid. AFM
micrograph (1µm×1µm) shows that the surface is rough on the atomic scale.
shows that the surface has a very small root-mean-square (rms) roughness, but no atomic
terraces can be identified.
Piranha Solution and Ammonium Fluoride
When atomically flat substrates are required, all chemical methods are faced with the
problem that the oxidation of the Si substrate, that is necessary to remove the dam-
aged top layer, creates a rough Si/SiO2 interface.93 Subsequent removal of the oxide by
isotropic HF etching does not eliminate this roughness. In principle, heating to 800◦C
should recover atomic terraces, since then the Si atoms can rearrange over long distances.
To explain the experimental finding that this is often not the case, it is natural to assume
that residual contaminations efficiently block the Si diffusion. Residual boron contami-
nation has been suggested to account for the observed rough surfaces prepared by the
Ishizaka-Shiraki method and thermal annealing.206 Arsenic might be similarly effective
in preventing Si migration, since it is known to bind strongly to the Si surface and changes
the Si(111) 7×7 reconstruction to a Si(111):As 1×1.116 In our case, the formation of atomic
terraces - and the 7×7 reconstruction - may thus be hampered by the residual As present
in the growth chamber.
Fortunately, there exists an alternative route to achieving atomically flat Si(111) sur-
faces, namely by anisotropic etching with ammonium fluoride (NH4F), which selectively
etches all other orientations faster than (111).102 Recently, the problem of NH4F etching of
creating triangular etch pits has been resolved by a simple two-step NH4F treatment.208
The following NH4F-Procedure was thus employed to produce atomically flat terraces
on Si(111) wafers.
1 H2SO4 (98%):H2O2 (30%) 2:1 for 10 min
2 ultra pure H2O rinse
3 NH4F (40%) etch for 100 s
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rms=0.21 nm
0 nm
2 nm
Figure A.4.: Si(111) after cleaning by Piranha solution and Ammonium Fluoride. AFM
micrograph (1µm ×1µm) shows Si(111) atomic terraces decorated with un-
intentional particles.
4 NH4F (40%) etch for 10 min in fresh solution
5 transport substrate in ultra pure H2O to MBE machine and load within 15 min
Again, steps 1-3 were repeated to remove any remnant particles from the surface. Then,
a particle-free, terraced surface morphology resulted as checked by AFM and presented
in Figure A.4.
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